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ABSTRACT 
 
Next generation fast spectrum reactors require structural materials that can tolerate 
higher temperature and radiation damage compared to the currently used metal alloys. It 
has been discovered that the ferritic steels having bcc structure have higher swelling and 
creep resistance than the fcc austenitic steels. However, once the ferritic steels reach the 
steady state swelling regime, they can end up with considerable swelling. Radiation 
damage resistance in metals is directly correlated with the microstructure. In terms of 
microstructure tailoring to reduce radiation damage, the density of sinks (dislocations, 
grain boundaries, phase boundaries, twin boundaries etc.) can be increased. In this 
research, engineering alloys were produced with increased sink densities by various 
processing methods in order to improve swelling resistance. Various alloys of EK-181, 
HT-9 and 14YWT were processed by high pressure torsion (HPT), high rate shock 
deformation and hydrostatic extrusion, respectively. The effects of the resultant 
microstructures on the irradiation response of the materials were investigated with special 
interest paid to the influence of grain boundaries, phase boundaries and dislocations on 
swelling. In this study, we reported that initial stable and homogenous microstructure is 
the key to determine swelling resistance. Homogenously distributed nano-sized oxide 
dispersoids act as sinks for defects and help to stabilize microstructures through pinning 
dislocations and grain boundaries. The stability of oxide dispersoids is determined by 
irradiation conditions and key parameters influencing dispersoids’ stability are identified. 
The study is important for development of accident tolerant components for fast reactors. 
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NOMENCLATURE 
 
APT Atom probe tomography 
BCC Body centered cubic 
BF Bright field 
BSE Back scattered electrons 
CSLB Coincidence site lattice boundary 
DBH Dispersed barrier hardening 
DPA Displacements per atom 
EBSD Electron back scatter diffraction 
ECAP Equal channel angular pressure 
EDS Energy dispersive spectroscopy 
EFTEM Energy filtered transmission electron microscopy 
F/M Ferritic/martensitic 
FCC Face centered cubic 
FIB Focused ion beam  
FWHM Full width at half maximum 
GB Grain boundary 
HAADF High annular angular dark field 
HAB High angle boundary  
HE Hot extrusion 
HIP Hot isostatic pressing 
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HPT High pressure torsion 
HRTEM High resolution transmission electron microscopy 
HVOF High velocity oxy-fuel 
LAB Low angle boundary 
LANL Los Alamos National Laboratory 
NF Nanofeature 
NFA Nanostructured ferritic alloy 
ODF Orientation distribution function 
OIM Orientation imaging microscopy 
OR Orientation relationship 
ORNL Oak Ridge National Laboratory 
PKA Primary knock-on atom 
RAGB Random grain boundary 
RED Radiation enhanced diffusion 
REP Radiation enhanced precipitation 
RID Radiation induced depletion 
RIP Radiation induced precipitation 
RIS Radiation induced segregation 
RMS Root mean square 
Rp Projected ion range 
SE Secondary electrons 
SEM Scanning electron microscopy 
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SIA Self-interstitial atoms 
SPD Severe plastic deformation 
STEM Scanning transmission electron microscopy 
TEM Transmission electron microscopy 
TMS Tempered martensitic steel 
UCSB University of California Santa Barbara 
VAR Vacuum arc remelting 
VIM Vacuum induction melting 
XRD X-ray diffraction 
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1. INTRODUCTION AND LITERATURE REVIEW 
 
1.1 Motivation 
There is a worldwide need of nuclear energy due to the increase in the world’s 
population and the desire to reduce greenhouse gasses from burning of fossil fuels. 
Therefore, the fission and fusion reactors are important to meet the need for clean sources 
of energy [1]. However, nuclear energy systems operate under high temperatures and 
stresses, chemically corrosive environments, and high neutron fluxes which can produce 
displacement damage levels up to 400 displacements per atom (dpa) for the next 
generation reactors. Thus, the operation of nuclear energy systems under above stated 
hostile conditions requires the development of high performance structural materials [2-
5]. 
In the United States, 316L austenitic stainless steel was initially chosen to be used 
for fast reactor structural components. However, because of extensive volume expansion 
as a result of extreme void swelling under irradiation, research shifted towards ferritic and 
later ferritic/martensitic steels for high dose fast reactor applications [6]. Today, the 
research on the ferritic/martensitic (F/M) steels is focused mainly on the 9–12Cr steels. 
While 12Cr F/M steels show high corrosion and void swelling resistance, 9Cr steels are 
more resistant to irradiation hardening at 350 °C [6]. Even though F/M steels have better 
corrosion and void swelling resistance compared to austenitic steels, their creep resistance 
above 600 °C is quite poor [7]. Therefore, in order to improve high-temperature strength, 
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stability, and creep resistance together with irradiation resistance, nanostructured ferritic 
alloys (NFAs) having nanoscale Y-Ti-O particles have been developed [8-10]. 
In this study, the effect of the initial processing methods on the irradiation response 
of conventional F/M steels together with NFAs has been investigated. A literature review 
on radiation effects in materials, nuclear materials and their radiation resistance as well as 
ferritic steel production methods is provided in the first chapter. The second chapter 
provides information about materials and experimental procedures. Results and discussion 
on the irradiation response of ferritic steels after various processing methods are given 
followed by experimental methods. In the last chapter, conclusive remarks are presented.   
 
1.2 Radiation effects in materials 
1.2.1 Radiation damage 
Radiation damage occurs as a result of energy transfer from a projectile to a solid. 
First, an incident particle interacts with a lattice atom leading to a displacement of lattice 
atom from its original position if the transferred energy is higher than a critical value. The 
struck and displaced atom is credited as the primary knock-on atom (PKA) which can 
create additional knock-on atoms if its energy is high enough. Those secondary knock-on 
atoms are called recoils and generate a displacement cascade. When the energy of the 
atoms is not enough to create additional knock-on atoms, the damage event ends. The 
displacement cascade occurs in ~10-11 picoseconds and the displacement cascade created 
defects lead to mechanical and thermal property changes [11]. Fig. 1.1 summarizes the 
radiation damage in the materials.  
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Figure 1.1 Schematic illustration of ion-mater interaction [12]. 
 
 
The damage created in the material can be quantified as in the following damage 
rate equation: 
( ) (E )
E
d i D i i
E
R N E dE 


                                             (1.1) 
where N, ( )iE , (E )D i  are denoted as the lattice atom density, particle flux and 
displacement cross section which is the displacement probability, respectively [13]. 
(E )D i  can be given as: 
( ) ( , ) ( )
T
d i i
T
E E T T dT  


                                           (1.2) 
where ( , )iE T  is the probability of transmission of recoil energy T from incident particle 
having energy Ei to target lattice atom; ν(T) is the number of resultant displaced atoms 
 4 
 
[13]. Energy transfer cross section can be determined based on the energy and type of the 
ion, however, it is quite complex. Assuming the collisions are purely ballistic and ignoring 
the Coulombic and electronic interactions, the energy transferred, T, can be defined as in 
the following equation: 
21 2
2
1 2
4
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( ) 2
cE m mT
m m
 


                                            (1.3) 
where E is the incident particle’s energy, m1 and m2 are mass of the incident and the target 
atom, respectively. θc is defined as the deflection angle of the target particle in the center 
of mass coordinate and it is given as:  
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 
                                    (1.4) 
where b is the collision parameter, rmin is the closest distance between the two particles 
and ( )V r is the interatomic potential. Ec is the kinetic energy of the system in center of 
mass coordinate. 
 
1.2.1.1 Primary knock-on atom (PKA) displacements and displacement energies 
In order to calculate the average number of atom displacements in the target lattice 
during collisions, Kinchin and Pease developed a model [14]. The Kinchin-Pease model 
ignores the periodicity in the metals and assumes the hard sphere approximation where all 
the collisions are elastic. As mentioned in the previous section, it is assumed that the 
incident atom having energy Ei, transfers its energy T to the initial PKA. The displacement 
energy of the target, Ed, can be defined as the minimum energy to displace an atom from 
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its original lattice position. If T > Ed, the target atom is moved from its original lattice 
position and turns into a PKA; however, if T < Ed, it keeps its original position. If the 
transferred energy is between Ed < T < 2Ed, the collision process can move only one atom. 
At the energies lying between 2Ed < T < Ec (where Ec is the cut-off value of transferred 
energy above which no displacements take place), the average number of displacements 
becomes T/(2Ed). Above the energies of Ec, there are no further displacements and the 
average number of displacement is defined as Ec/(2Ed). Graphical representation of the 
average number of displacements with respect to the transferred energy is shown in Fig. 
1.2 [13,14].  
The number of displacements per atom (dpa) can be defined as in the following 
formula: 
( )
( ) 0.8
2
d
d
F x
dpa x
N E
 

                                            (1.5) 
where Fd(x) is the energy distribution function, N is the number of displaced atom and Φ 
is the fluence.  
In the periodic crystals as in metals, displacement energy is dependent on the 
crystallographic directions. In other words, displacement energy is strongly correlated 
with the number of barrier atoms, the distance to the nearest atoms and the distance of the 
struck atom in its original lattice point to the barrier atoms [13,15]. The displacement 
energy of the struck atom is minimum along the direction of high lattice symmetry.  
However, recoil direction which is determined by the collision kinetics is random. Thus, 
the displacement energy is the average along all directions [16,17]. 
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Figure 1.2 Graphical representation of Kinchin-Pease model [13]. 
1.2.2 Radiation effects on the microstructure and mechanical properties 
Irradiation damage can introduce various defects. Table 1.1 shows the defect 
evolution at different irradiation temperatures. At low temperatures, mobility of atoms is 
limited, thus point defects can form small defect clusters. With the increase in the 
temperature, those defects evolve into planar vacancy loops and clusters. At the 
temperatures of 0.1Tm-0.3Tm (where Tm is the melting point of the alloy), interstitials are 
highly mobile while the mobility of vacancies is still limited. At this temperature range, 
interstitials can form clusters and loops, and vacancies can form small vacancy clusters. 
Further increase in temperature results in the annihilation of defects either by 
recombination within the grains or at the sinks. At this temperature range of 0.3Tm-0.5Tm, 
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while interstitial atoms form interstitial dislocation loops, high vacancy concentration can 
lead to the formation of voids [18]. 
 
Table 1.1 Irradiation induced defect evolution at different temperatures [18]. 
Temperature (T/Tm) Defect type 
0-0.1 Generation of point defects (vacancies and interstitials) 
0.1-0.3 Point defect clusters 
Vacancy loops, clusters and depleted zones 
Interstitial loops 
0.3-0.5 Rafts (agglomerates of clusters and small loops) 
Voids 
 
 
Fig. 1.3 summarizes the radiation damage in metals. Fig. 1.3a shows the 
displacement cascade event and the production of vacancies and self-interstitial atoms 
(SIAs). Fig. 1.3b through 1.3g show the annihilation of irradiation induced defects (either 
by recombination or at sinks), effect of irradiation on the diffusion and formation of 
radiation induced segregation (RIS) and radiation induced precipitation (RIP) together 
with void formation and irradiation induced creep [19]. 
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Figure 1.3 (a) Displacement cascade and generation of vacancies and self-interstitial atoms 
(SIAs) (b-e) Annihilation of defects either by recombination or at sinks (f) Radiation-
induced segregation (RIS) and radiation-induced precipitation (RIP) at sinks. Jv: flux of 
vacancies, Ji: flux of SIAs, Jsolute: flux of solutes and Jsolvent: flux of solvents (g) Growth of 
the bubbles at the grain boundaries under stress-driven creep conditions [19]. 
 
 
 
1.2.2.1 Radiation induced segregation (RIS) 
Irradiation at elevated temperatures results in redistribution of solutes by an 
imbalance of point defect migration to sinks such as dislocations, grain boundaries, voids, 
etc. This phenomenon is known as RIS [20]. RIS occurs at intermediate temperatures at 
which both vacancies and interstitials are generated and diffuse [18]. It has been reported 
that RIS occurs as a result of flux and size difference between the elements and binding 
energy difference between elements and point defects [18]. For engineering alloys, each 
alloying elements can diffuse through interactions with interstitials and vacancies, 
depending on atom size. An oversized atom prefers to interact with vacancies and an 
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undersized atom prefers to interact with interstitials. If one alloying element is dominated 
through interaction with interstitials, it will have the same flux direction as interstitials, 
hence resulting in sink enrichment. If one element prefers to interact with vacancies, it 
will have the opposite flux direction leading to depletion of the atom at the sink. Fig. 1.4 
shows the flux direction of A and B atoms when they couple with interstitials and 
vacancies. Fig. 1.5 shows an example of RIS in austenitic stainless steels [22]. 
 
 
  
Figure 1.4 RIS by (a) vacancy mechanism and (b) interstitial mechanism. The length of 
the arrows represent the magnitude of the fluxes for A and B atoms [21]. 
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Figure 1.5 Radiation-induced segregation of Ni, Si, P; depletion of Cr at the grain 
boundary of a 300 series stainless steel neutron irradiated to several dpa at ~300 °C [22].  
 
 
1.2.2.2 Radiation induced precipitation (RIP) 
Radiation might cause chemical mixing leading to the dissolution of precipitates 
depending on the radiation conditions. On the other hand, point defects resulted from 
radiation damage can favour precipitation by reducing the resultant strain. Therefore, 
during an irradiation, there might be radiation induced, radiation enhanced and radiation 
modified phase formation. Radiation induced phases are the ones that do not form under 
equilibrium annealing condition but form only under irradiation. Ni3Si (γ') and G-phase 
(Mn-Ni-Si) precipitation in stainless steels are two examples which have been reported to 
affect hardening of alloys as well as the swelling behaviour [18].  
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Radiation enhanced precipitates normally form under thermal annealing 
conditions; however, their formation is accelerated under irradiation. M6C formation is an 
example of irradiation enhanced precipitation [18].  
α' is a Cr-rich precipitate which forms as a result of spinodal decomposition by 
both irradiation enhanced and irradiation induced mechanisms [6,35]. Irradiation induced 
depletion of Cr atoms at the sinks as a result of RIS might result in local enrichment of Cr 
atoms which results in the formation of α' by irradiation induced mechanism. Moreover, 
excess point defect formation under irradiation results in increased diffusivity of Cr atoms 
which accelerates the α' formation by irradiation enhanced mechanism [23]. 
 
1.2.2.3 Dislocation loops 
Nucleation of dislocation loops occurs by clustering of point defects and net arrival 
of the defects determine the growth or shrinkage of the loops. Under cascade damage 
conditions, SIAs are emitted and transported in 1-D diffusional motion and the amount of 
freely migrating interstitials and vacancies is different. The reason of the bias is basically 
the energy release difference between absorbing an interstitial and a vacancy [24].  
At the temperatures of 0.1Tm-0.3Tm, the microstructure is characterized by 
dislocation loops and point defect clusters. At relatively high temperatures (still within 
0.1Tm -0.3Tm), the dislocation density has been reported to decrease slightly while their 
size increases [20]. Fig. 1.6 shows the dislocation size and density with increasing 
irradiation dose at 300 °C. The loop size and density reach saturation within a few dpa as 
the formation rate of loops becomes equal to the destruction rate.  
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At the temperatures below 300 °C in iron-based alloys, dislocation loops are 
replaced by a high density of black dots, Frank loops, stacking fault tetrahedra and 
dislocation networks. On the other hand, at the temperatures above 300 °C, the 
microstructure is characterized by a high density dislocation networks and dislocation 
loops [20]. 
Figure 1.6 Dislocation loop size and density with increasing irradiation dose up to 13 dpa 
at 300 °C in various austenitic steels [25]. 
Fig. 1.7 shows the microstructure of a F/M steel (HT-9) neutron irradiated in FFTF 
at various temperature and damage levels. Microstructures consist of dislocation networks 
and loops. As mentioned above, dislocation loop size increases at higher temperatures 
[26]. 
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Figure 1.7 TEM image showing dislocation loops and networks in HT-9 neutron irradiated 
(a) at 28 dpa, 384 °C (along g=200) (b) at 443 °C and 155 dpa (along g=110) [26]. 
 
  
1.2.2.4 Void swelling 
The formation of voids under irradiation results in a volumetric expansion which 
is also denoted as ‘swelling’. Fig. 1.8 shows the formation of voids at 500 °C to a dose of 
10 dpa and dimensional changes after irradiation at 533 °C in austenitic stainless steels 
[27,28]. 
Higher affinity of interstitials to dislocations results in excess vacancies leading to 
the void formation and swelling [18,29]. Swelling occurs in three stages. After the first 
stage of void nucleation, a transient swelling region appears where the swelling increases 
with increasing dose at an increasing rate. At the final stage, the steady state swelling 
regime, the swelling rate becomes constant [20].  
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Figure 1.8 (a) Void formation in 304 austenitic stainless steel after neutron irradiation at 
500 °C up to 10 dpa [27]. (b) Volume change in 316 stainless steel rods irradiated at 533 
°C to a fluence of 1.5 ×1023/m2 in the EBR-11 reactor [28]. 
 
 
Void formation kinetics are strongly correlated with alloy composition, dose, dose 
rate, temperature and helium from transmutation reactions. Swelling is maximized at an 
intermediate temperature (0.3Tm-0.5Tm) resulting in a bell-shape curve of volume 
percent increase vs. temperature. This bell-shape is caused by low vacancy mobility at low 
temperature (hence less vacancy clustering) and vacancy loss to defect sinks at high 
temperature. Fig. 1.9 shows the bell-shaped swelling distribution with respect to 
temperature in nickel after a neutron fluence of 5x1023 n/m2 [20].  
Swelling is sensitive to stress and dpa rate. A higher dpa rate results in a shift of 
the swelling peak to higher temperatures [20].  
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Figure 1.9 Swelling vs. irradiation temperature curve in nickel for a neutron fluence of 
5x1023 n/m2 [30]. 
 
 
1.2.2.5 Radiation hardening 
For over 20 years, there have been extensive studies to investigate the hardness 
increase in metals as a result of irradiation. It is believed that irradiation induced hardening 
is resulted from defect production during irradiation. Those defects are defect clusters, 
impurity-defect cluster complexes, dislocation loops, dislocation networks, voids and 
bubbles, and precipitates [20]. 
The effect of irradiation hardening on body centered cubic (bcc) and face centered 
cubic (fcc) metals is different at different temperatures. Fig. 1.10 shows the behaviour of 
fcc and bcc metals under irradiation. At low temperatures (below 0.3Tm), radiation 
hardening results in an increase in yield strength and a decrease in ductility for both 
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austenitic and ferritic steels. At high irradiation temperatures (above 0.3Tm-0.5Tm), the 
yield strength of austenitic steels remains the same while ductility decreases as shown in 
Fig 1.10a. On the other hand, ferritic steels show small amount of hardening at those 
temperatures [17]. 
 
 
 
Figure 1.10 Effect of neutron irradiation on stress-strain curves of (a) fcc structure 
(austenitic steels) (b) bcc structure (ferritic steels) [17]. 
 
 
 
Radiation strengthening occurs in two ways [17]: (1) ‘Source hardening’ is a result 
of starting of dislocation motion; (2) ‘Friction hardening’ is a result of dislocation-
irradiation induced defects interactions. 
For radiation induced hardening studies, the dispersed barrier model has been 
widely used [31]. In this model, interactions between obstacles and dislocations are based 
on the geometrical considerations. The yield strength increase resulting from radiation can 
be represented as:  
                                           NdbMy                                                 (1.7) 
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where α is a barrier strength coefficient of the defects to restrict dislocation motion; M is 
Taylor factor; µ is the shear modulus; b is the length of the Burgers vector; N and d are 
the density and size of the obstacles, respectively [32]. 
1.3 Radiation resistance of materials: Effect of phase content, initial dislocation density, 
grain size, orientation and precipitate stability 
Next generation fast spectrum reactors require structural materials that can tolerate 
higher temperature and radiation damage compared to the currently used austenitic steels. 
Initially, in order to increase the swelling and creep resistance of austenitic steels, cold-
worked austenitic stainless steels containing fine precipitates were developed [33-37]. 
However, it has been shown that even though these modifications increase the transient 
regime up to ~150 dpa, they swell considerably (at a rate of 1% per dpa) once they reach 
steady state swelling regime [38-40]. Therefore, irradiation induced swelling becomes a 
serious problem and it limits the burn-up of the fuel [41-43]. 
It has been discovered that the ferritic steels have higher swelling and creep 
resistance than the austenitic steels [44]. Thus, tempered martensitic steels with bcc 
structure were determined to be one of the best candidates for next generation reactors 
because of their high defect sinks of submicron size lath structure, smaller dislocation bias 
and higher self-diffusion coefficient in the bcc structure [45-47]. Their creep strength has 
been increased considerably by the addition of alloying elements such as N, C, B, Ti, Ta, 
V, Nb to form fine size MX precipitates [19]. Recently, nanostructured alloys having a 
uniform microstructure with 1-2 nm Y-Ti-O rich nanofeatures (NFs) have been developed 
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by Oak Ridge National Laboratory (ORNL) and University of California Santa Barbara 
(UCSB) [48]. They have a ferritic matrix with a bcc structure having the above stated 
advantages over the fcc matrix. Those very small NFs provide higher strength and better 
thermal stability to the NFAs. Moreover, they serve as sinks for point defects and He gas, 
and trap the He gas in extremely small bubbles during neutron irradiation, resulting in a 
reduction in void swelling [9,19,49-51].  
Radiation damage resistance in metals is directly correlated with the 
microstructure. In terms of microstructure tailoring to reduce radiation damage, there is 
little one can change in the primary defect generation stage to reduce the defect number. 
On the other hand, the eventual fate of defects in the next stage can be manipulated by 
microstructural designs. One way is to increase the sink strength by providing high density 
stable dislocations to reduce the diffusion coefficient and number of the vacancies and 
interstitials. By this way, RED, RIS and defect pile up at the cavities, voids and 
dislocations can be reduced [19]. Fig. 1.11 shows that high dislocation densities result in 
a lower amount of defects due to higher sink densities. Furthermore, higher displacement 
rates produce a larger amount of defects as the defect production rate is higher than the 
loss rate to sinks [17].  
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Figure 1.11 (a) vacancy and (b) interstitial concentrations in an irradiated metal as a 
function of temperature. Solid and dashed lines represent high and low defect production 
rates, respectively. Upper curves of the solid and dashed lines represent higher dislocation 
density [17]. 
 
 
High dislocation densities generally result in reduced swelling due to the sink 
imbalances [52-55]. Formation of small bubbles below a critical size is also beneficial for 
improving the void swelling resistance. High dislocation density results in the nucleation 
of small bubbles on dislocations [19]. In general, this results in a longer incubation period 
before void nucleation can occur resulting in less void swelling. Fig. 1.12 shows that a 
high dislocation density introduced by plastic strain decreases the swelling of austenitic 
stainless steels considerably [55]. 
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Figure 1.12 Micrographs illustrating the microstructures of (a) solution annealed austenitic 
stainless steel irradiated to 36 dpa at 520 °C and (b) 20% cold worked stainless steel 
irradiated to 54 dpa at 550 °C in HFIR [55]. 
A second way of microstructural tailoring to improve radiation resistance is to 
create large incoherent interface areas by grain size refinement. It has been shown that 
void swelling of the stainless steels is strongly related to the grain size [56-58]. Bai et al. 
studied the mechanism of grain boundary (GB) enhancement of radiation resistance in 
copper [59]. They found that grain boundaries have a “loading-unloading” effect in such 
a way that interstitials are loaded into the boundary during irradiation and then they are 
emitted by grain boundaries to annihilate vacancies within the grain, as shown in Fig. 1.13 
[59]. Chen et al. studied the defect annihilation mechanisms at the grain boundaries of 
alpha-iron [60]. They reported that chain like defects consisting of alternately positioned 
interstitials and vacancies form and annihilate at the grain boundaries showing the high 
sink efficiency of the grain boundaries [60]. Moreover, Sun et al. observed the annihilation 
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of dislocation loops at the grain boundaries in nano-grained Ni by in-situ Kr ion irradiation 
[61]. 
 
  
Figure 1.13 Temperature accelerated dynamics simulations of damage self-healing near 
the GB (within 10 Å of the GB). Smaller black spheres in A: nondefective atoms; larger 
green spheres: interstitials; red cubes: vacancies; smaller blue spheres: atoms that move 
more than 1 Å during an event; purple vectors: the moving directions and distances of 
moving atoms [59]. 
 
 
Geometrically, a grain boundary has a 3D structure consisting of a boundary plane 
and a misorientation between two adjacent crystals. Sink efficiency of GBs is directly 
related with the grain boundary plane i.e. local habit plane and surface curvature of the 
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plane as well as the misorientation angle. Even though high angle grain boundaries 
(HABs) provide a larger sink strength for defect annihilation due to their large free 
volume, it has been shown that the RIS and REP occur mostly at those boundaries [62]. 
Moreover, Sekio et al. reported that while random grain boundaries serve as annihilation 
sites for defects leading to the formation of void denuded zones, coincidence site lattice 
boundaries (CSLBs) have no effect on the void distribution [63]. Fig. 1.14 shows the void 
distribution near a high angle random boundary having high sink strength and a CSLB 
having low sink strength. 
 
  
Figure 1.14 Void distributions in the Fe–15Cr–15Ni steel neutron-irradiated at 749 K to 
18 dpa near the (a) random GB (b) CSLB. The black dashed lines represent the region of 
void denuded zone [63]. 
 
 
The third method of microstructural manipulation to enhance materials’ radiation 
resistance is the introduction of dispersoids in the matrix. This can have two benefits.  At 
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low temperatures (below 0.3 Tm) a fine distribution of dispersoids can serve as sinks for 
defects resulting in a reduced defect density and a reduction in hardening. At intermediate 
temperatures (0.3Tm-0.5Tm) a fine distribution of dispersoids can delay void nucleation 
by trapping helium and point defects, and reducing void swelling. Therefore, it is critical 
to have high density of precipitates homogenously distributed in the matrix. Fig. 1.15 
shows the irradiation response of two types of alloys. One contains a large population 
oxide dispersoids (MA957) while the other does not (F82H). It is obvious that the oxide 
dispersion results in a considerable improvement in the swelling resistance [64]. 
 
 
 
Figure 1.15 Under-focused bright field TEM images of the dual ion beam irradiated cavity 
structures in (a) F82H and (b) MA957 irradiated to 42 dpa and 2100 appm He at 500 °C 
(at 1000 nm from the surface) [64]. 
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1.4 Materials for nuclear applications and radiation resistance of ferritic steels 
Ferritic and F/M steels having the bcc structure have higher swelling resistance 
compared to fcc austenitic stainless steels as their dislocation bias, B, is lower, reducing 
their steady state swelling rate and increasing the incubation periods for void nucleation. 
The lower B in bcc metals is resulted from their defect relaxation volumes [65]. Together 
with their high swelling resistance, ferritic steels show low RED and RIS compared to fcc 
austenitic steels since their self-diffusion coefficient is higher [45].  
Fig. 1.16 shows schematics explaining the irradiation damage resistance in NFAs 
versus 9Cr normalized and tempered martensitic steels (TMS). Fig.1.16a shows how the 
irradiation resistance of NFAs is a result of a high density of NFs and dislocations. NFs 
can trap the He gas into small bubbles. Further, they can pin the dislocations and grain 
boundaries resulting in the conservation of the high sink densities for defect annihilation, 
high strength and creep resistance. Moreover, high dislocation density keeps the He 
bubbles away from the grain boundaries leading to high creep resistance [19]. Fig. 16b 
indicates that coarser scale microstructures together with lower sink strengths result in 
lower irradiation damage resistance in TMS compared to NFAs [19]. Therefore, it leads 
to more swelling, a large number of dislocation loops, REP and a high amount of He 
accumulation at the grain boundaries in TMS [12]. When the concentration of He is ~1700 
appm, TMS shows intergranular brittle fracture while NFA shows ductile fracture [66]. 
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Figure 1.16 Schematic of irradiation effects in (a) nanostructured ferritic alloys (NFAs) 
(b) 9Cr normalized and tempered martensitic steels (TMSs) [19].  
 
 
 
In conclusion, high precipitate, dislocation, grain boundary and bubble 
concentrations reduce RED, RIS, and vacancy flux as well as void swelling. 
Unfortunately, high temperature recovery processes make the conservation of the high 
dislocation density difficult. However, NFs hinder the recovery by pinning the dislocation 
motion. Therefore, a high density of dislocations and NFs supply the high radiation 
damage resistance in NFAs. This also provides higher creep strength at high temperature 
as the NFs are thermodynamically stable above 1000 °C even though there is a probability 
of recoil dissolution and amorphization under irradiation [67]. 
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1.5 Production methods of ferritic steels 
1.5.1 Production methods of precursor slab 
The chemistry of structural materials for nuclear applications should be tightly 
controlled during their production. Therefore, either casting methods by vacuum induction 
melting (VIM) followed by vacuum arc refining (VAR) or powder metallurgy routes are 
used. 
 
 
1.5.1.1 Casting by vacuum induction melting (VIM) and vacuum arc remelting (VAR) 
VIM is a refining process that is used to reduce the impurity levels in the alloy 
steels. During remelting process, the elements that are difficult to dissolve should be added 
at the early stages when the stirring rates are high. On the other hand, alloying elements 
that are easy to oxidize or evaporate should be added later. The remelting process can be 
conducted with a controlled gas composition at pressures as low as 5 mmHg. Thus, 
oxygen, hydrogen, nitrogen and carbon content can be decreased to quite low levels. 
Moreover, the loss of volatile elements can be prevented by using an inert gas atmosphere 
instead of vacuum over the melt. By using VIM, it is possible to produce very clean steels. 
VIM can also be used as the first step for VAR for further refinement. VAR can be 
conducted using either a low pressure vacuum induction melter or a stream degasser [68]. 
The process can produce very clean steels with low hydrogen and oxygen contents with 
minimum inclusion and segregation [69]. 
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1.5.1.2 Powder metallurgy methods: Mechanical alloying 
High temperature alloys can be produced by mechanical alloying which is a 
powder metallurgical process for the introduction of stable refractory oxides. This method 
has been developed by the International Nickel Company using high-energy ball milling 
of dry powder mixtures of raw materials [70]. The mixture is consolidated by canning 
under vacuum followed by hot-isostatic pressing or extrusion. Further thermo-mechanical 
treatments such as annealing or hot rolling can be applied for microstructure tailoring [71]. 
ODS nickel and iron-based superalloys are produced by mechanical alloying method [72]. 
Fig. 1.17 shows the typical steps taken in ODS alloy production by mechanical alloying 
method.  
 
 
Figure 1.17 Typical mechanical alloying process for the production of ODS alloys [72].  
 
  
 
 
 
 
28 
1.5.2 Further processing methods 
1.5.2.1 Tube production methods 
1.5.2.1.1 Hydrostatic extrusion 
Hydrostatic extrusion is a process where the billet is extruded through the action 
of a liquid pressure medium instead of direct application of the load through a ram. The 
advantages of hydrostatic extrusion are that (1) since the friction between billet and die is 
zero, the length of the billet is not a factor affecting the extrusion pressure; (2) since the 
pressure is hydrostatic in nature, buckling of the billets is also not a problem making the 
extrusion of skewed billets possible [73]. 
Many different materials have been hydrostatically extruded successfully [74-76]. 
Hydrostatic extrusion can be applied at the temperatures below the recrystallization 
temperature of the materials where it is not possible with conventional extrusion. Also, it 
creates a beneficial stress state resulting in materials with better strength and ductility [77-
79]. 
1.5.2.1.2 Pilger processing 
Pilger processing is one of the methods to produce seamless tubes using both hot 
and cold working methods. Hot pilgering is executed by steady forward and backward 
motion of cylindrical rotary mandrel. After each pass, the tube-mandrel assembly is turned 
90°. To obtain final thin walled tubes, up to six passes can be applied. However, further 
thinning with well controlled dimensional accuracy requires cold pilgering. Cold pilgering 
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uses tapered grooved rolls which rotate forward and backward with 180°. In cold 
pilgering, the sample is fixed and rolls propagate while it is the reverse in hot pilgering 
[80].  
Generally, cold pilgering is a well controlled process and used for the tubes having 
the wall thickness tolerances less than 10%. The final product can be used either directly 
or as an intermediate product before a final drawing process [80]. 
 
1.5.2.1.3 Spray forming 
Spray forming is a process consisting of spraying of gas atomized powders on a 
substrate for the production of near-net shape parts [81-83]. By directly spraying of the 
powders, powder metallurgical steps can be eliminated. During spray forming process, 
high energy gas jets break apart the liquid metal melted in the atomization zone which 
results in metal flowing rates of 0.2-2.0 kg/s [82,83]. Modelling studies have shown that 
0.5-0.8 fraction of the metal droplets can be solidified by high velocity gas flow during 
spraying in a few milliseconds [84]. The rest of the metal droplets solidify at a slower rates 
~10 to 100 s or more [84,85]. The resulting deposit takes the shape of the billet and has 
very low porosity with fine microstructure. This preform can be used either as its sprayed 
form or as a substrate for further processing. Fig. 1.18 shows a typical spray forming 
principle and a preform in tubular shape.  
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Figure 1.18 (a) A typical spray forming set up and principle [81] (b) tubular preform 
produced by spray forming [83]. 
 
 
  
Advantages of the spray forming include [83]: 
- high densities >98%, 
- fine grained microstructure with equiaxed grains, 
- no prior particle boundaries, 
- no macroscopic segregation, 
- improved mechanical properties, 
- flexibility in alloying components, 
- high rate deposition and reduction in overall production time. 
In spite of a large number of advantages, low overall yield and poor shape and 
composition control are the main limitations of this method [83]. 
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1.5.2.2 Severe plastic deformation (SPD) 
Previous studies have shown that nano-grained metals often exhibit improved 
swelling resistance due to defect sink properties of high density nano-grain boundaries 
[86]. For microstructure refinement, SPD which is the combination of shear deformation 
and pressure is one of the most promising methods. Cracking is prevented by the 
application of pressure allowing the application of large deformations. High pressure 
torsion (HPT) [87] and equal channel angular pressing (ECAP) [88] are the two most 
commonly used methods of SPD that have been utilized to produce nanostructured metals 
for a few decades.  
HPT is the simplest method and it consists of the deformation of the sample 
between the two Bridgman anvils as shown in Fig. 1.19a. The upper anvil is fixed and the 
lower one is rotatable which provides various strains. The imposed shear strain at half-
radius was estimated by γ=2πrn/h (where r is the distance from a disk center, h is the 
thickness of the disk and n is the number of rotations). Fig. 1.19b explains the geometry 
of shear deformation in HPT process. By this method, large strains up to 15 GPa can be 
applied at low temperatures [89]. 
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Figure 1.19 Schematic diagram of (a) HPT process; (b) shear geometry in HPT process 
[89]. 
 
 
1.5.2.3 High rate shock loading 
Shock loading is a one-dimensional plane strain deformation similar to the uniaxial 
loading if the loading is enough and the sample is thin enough [90]. Shock loading of 
samples is applied either under laboratory conditions or under controlled firing-point 
conditions. These experiments can be conducted by high-exposure explosives, gun-
launched impactors such as flyer or driver plates, exploding foils, or direct radiation 
impingement such as lasers and electron beams [91-93]. 
Shock loading creates defects, basically edge dislocations, and those defects move 
in the direction of shock wave propagation in the case of a planar shock wave. Moreover, 
the density of defects increases with the increase in the peak shock pressure. However, 
depending on the crystal structure and stacking fault energy of the materials, shock loading 
can create deformation twins and stacking faults above certain pressures or at lower 
temperatures. If the stacking fault energy is low, which is the case especially for fcc 
metals, dislocations dissociate into partial dislocations which makes the cross-slip of 
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dislocations more difficult. Fig. 1.20 shows the dislocation cell formation together with 
twin and stacking fault formation with increasing shock pressure in fcc metals. The 
stacking fault energy of nickel is 128 mJ/m2 while it is 20 mJ/m2 for 304 stainless steel 
[94]. Thus, their resultant microstructures as a result of shock loading is very different 
[95]. 
 
  
Figure 1.20 Micrographs showing the evolution of microstructure with increasing shock 
loading pressures in Nickel and 304 stainless steel [95]. 
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2. EXPERIMENTAL METHODS 
 
2.1 Specimen materials 
Ferritic and F/M steels are two of the most promising materials as structural 
components for next generation fast spectrum reactors. In this study, three types of 
materials have been investigated after different heat treatment and processing conditions. 
The first material is an EK-181 alloy having both fine and coarse grain ferritic structure. 
The second material is an HT-9 alloy in the tempered martensitic condition. The third 
material is 14YWT which has a ferritic matrix with homogenously distributed small nano-
oxide particles. Tables 2.1 to Table 2.3 show the compositions of EK-181, HT-9 and 
14YWT alloys, respectively. Furthermore, Table 2.4 summarizes the methods used for 
processing the materials. The principles of the methods were explained in the previous 
chapter. 
 
 
Table 2.1 Composition of supplied EK-181 samples (wt %). 
С Cr Ni Mo Nb W V Ta B Si N Mn Zr 
0.14 11.2 0.03 0.04 0.01 1.17 0.29 0.17 0.004 0.37 0.044 0.94 0.05 
 
 
 
Table 2.2 Composition of the HT-9 samples (wt %). 
С Cr Mo Si Mn Ni V W 
0.21 12.5 1.10 0.29 0.41 0.60 0.30 0.51 
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Table 2.3 Composition of the 14YWT samples (wt %). 
Cr W Ti Y 
12.8 2.95 0.38 0.22 
Table 2.4 Summary of the processing methods of the materials. 
Material EK-181 HT-9 14YWT 
Deformation 
type 
HPT deformation High strain shock 
deformation 
(1) HVOF spray forming + 
hydrostatic extrusion 
(2) Hot extrusion + hot 
rolling + hydrostatic 
extrusion 
2.2 Heavy ion irradiations 
In this study, iron ions were used to simulate radiation damage, due to their low 
experimental cost and it being the primary element in the alloys, a much shorter 
experimental duration and the ease of handling compared to neutron irradiations. To 
irradiate these materials, an ion source is used to produce incident ions which are 
accelerated through the acceleration column. The accelerator system includes at least two 
magnets to purify ion mass at the low energy end and to purify ion charge/energy at high 
energy end. The acceleration column consists of magnets to separate the ion species 
according to their charge to mass ratio and to guide them towards the target chamber by 
creating a magnetic field. The ion beam is focused to a well-defined shape using 
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electrostatic and magnetic lenses to produce a sufficiently large and uniform irradiation 
area. The whole system operates at high vacuum conditions to prevent ion energy loss and 
contamination of the energy spectrum of the ions [96]. 
Samples were irradiated at the Ions and Materials Facility at Texas A&M 
University using 3.5 MeV Fe2+ to different dose levels and temperatures. A SNICS source 
was used to produce Fe ions and ions were accelerated through the 1.7 MV Ionex 
Tandetron Accelerator. Fig. 2.1 shows the calculated dose and implanted Fe distributions 
in pure iron material for a peak dose of 100 dpa as a function of depth using Monte Carlo 
simulation code SRIM [97]. Due to the recent finding that the full damage cascade option 
in SRIM overestimates the damage creation by a factor of two, calculations were obtained 
using the recommended Kinchin-Pease option with displacement energy of 40 eV for 
consistency with the neutron damage code SPECTER [98,99]. For 3.5 MeV Fe ions, the 
peak projected ion range (Rp) is ~1.2 μm. The resultant dpa peak is located at a depth of 
~1.0 μm. 
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Figure 2.1 SRIM-calculated depth profiles of dpa and implanted atoms in pure Fe 
irradiated with 3.5 MeV Fe2+ ions for 100 peak dpa. 
 
 
 
2.3 Microstructure characterization 
2.3.1 Scanning electron microscopy (SEM) 
SEM gives microstructural information by using a focused electron beam to scan 
the samples. Interaction of the electron beam with the materials results in the production 
of secondary electrons (SE), back-scattered electrons (BSE), and characteristic X-rays. SE 
come from a small layer on the surface, which can be used to study the topography of the 
samples. BSE are reflected from regions under the surface of the material. BSE provide 
compositional contrast since a higher atomic number of material gives brighter signals. 
The chemical composition of the sample can be determined from the excitation of inner 
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shell electrons that produce characteristic X-rays. In this research, SEM was used to obtain 
the chemical analysis by energy dispersive spectroscopy (EDS) as well as grain size, 
crystallography and grain orientation determinations by electron back scatter diffraction 
(EBSD) methods. 
A FEI Inspect F FEG SEM having Schottky-based field-emission electron source 
was used for EDS and EBSD studies. EDS mapping analysis was conducted using EDAX 
Apollo 40 SDD detector at 30 keV electron energy. EBSD has been used as a useful 
technique to study the microstructure quantitatively, local texture as well as interface 
characteristics. However, as the technique requires 70° of sample tilting, diffraction data 
is very sensitive to the surface quality. Moreover, the resolution of EBSD is limited to 
mesoscale studies of grain sizes down to 60 nm [100,101]. It is employed by using 
TSL/EDAX EBSD equipment.  
 
2.3.2 Neutron diffraction* 
Neutrons are proven characterization tools especially for nuclear materials [102]. 
Bulk texture measurements probing the grain orientation distribution function over the 
complete volume of the NFA tubes were collected on the HIPPO instrument at the pulsed 
neutron spallation source at LANSCE [103]. HIPPO is a general purpose TOF 
                                                 
* Reprinted, in part, from “Effect of tube processing methods on the texture and grain 
boundary characteristics of 14YWT nanostructured ferritic alloys” by E. Aydogan, S. Pal, 
O. Anderoglu, S.A. Maloy, S.C. Vogel, et al., 2016, Materials Science and Engineering 
A, 661, 222-232, Copyright 2016 by Elsevier. 
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diffractometer described in detail by Wenk et al. [104]. Fig. 2.2 shows the schematic of 
HIPPO diffractometer. 
 
 
Figure 2.2 Schematic view of the HIPPO diffractometer showing the structure of the 
instrument and arrangement of detectors panels. A person is used for a scale. The distance 
between 10° and 150° panel is 3 m [104].  
 
 
 
The samples are located ~9 m from the neutron moderator and diffracted neutrons 
are detected by 1240 3He tubes arranged on panels distributed over five conical rings with 
scattering angles ranging from 2θ=40° to 150°. A large sample chamber can accommodate 
an automatic sample changer, furnaces, cryo-equipment, a load frame, high pressure cells 
or a magnet. Samples are glued on standard HIPPO sample holders and loaded into the 
robotic samples changer [105]. They are rotated around the vertical axis (i.e. the tube axis) 
and data is collected at different angles per orientation.  
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2.3.3 X-ray diffraction (XRD) 
XRD is a diffraction technique that is used to obtain phase and crystallographic 
information about the materials. Together with crystallographic information, it can be 
useful for texture and residual stress measurements.  
High energy electron bombardment of a metal target results in the ionization of 
electrons from the K-shell of the target metal. This results in x-rays having Kα and Kβ 
energies. Thus, X-ray beam is collimated and monochromated by filtering before targeting 
the sample. Diffraction occurs when the Bragg’s condition (nλ=2d sin θ, where λ is the 
wavelength of X-rays, d is interplanar spacing of the target material and θ is diffraction 
angle) is satisfied and constructive interference takes place. Since the X-rays are 
monochromatic (having single wavelength), different scanning angles reveal different d-
spacing and diffraction planes.  
Ideally, diffraction occurs at certain diffraction angles. However, in reality, there 
is peak broadening caused by the instrument together with the crystallite size and/or 
residual stresses which can be calculated by line profile analysis. 
 
2.3.4 Transmission electron microscopy (TEM) 
TEM was utilized to characterize the initial and post irradiation microstructures of 
the materials. It is a destructive method where a high energy electron beam transmitting 
through a thin specimen interacts with the atoms of the specimen and creates an image on 
the fluorescent screen or CCD camera [106]. A typical TEM incorporates an electron 
source and electron column in which there is a set of electromagnetic lenses. The electron 
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source emits electrons when high voltage is passed through and the potential difference 
between anode and cathode accelerates the electrons. Pre-focusing is applied in the source 
gun by Wehnelt cylinder and upper lenses and a set of apertures and electromagnetic 
lenses are used to generate well-focused, collimated and monochromatic electron beam. 
Fig. 2.3 shows a schematic of a TEM [107]. 
 
 
Figure 2.3 Schematic illustration of optics of transmission electron microscopy [107]. 
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In this study, bright field (BF) TEM in two beam kinematical conditions, scanning 
TEM (STEM) and energy filtered TEM (EFTEM) are utilized. The techniques are 
explained briefly in the following section: 
(1) BF TEM in two-beam dynamical imaging conditions: A two-beam dynamical 
imaging condition is ideal for investigation of dislocations. Diffraction contrast in 
crystalline materials result from coherent elastic scattering of electrons at certain Bragg 
angles. Under two-beam conditions, the sample is tilted in such a way that only one 
diffraction plane is excited. 
(2) STEM imaging and composition analysis: When a focused beam is scanned across 
the sample, complementary information can be obtained by detecting the variety of 
scattering electrons. In order to construct high resolution, atomic number contrast (z-
contrast) images, transmitted electrons scattered at high angles are collected. Moreover, 
by collecting the generated x-rays, high spatial resolution maps can be obtained.  
(3) EFTEM composition and thickness maps: EFTEM is a technique which is used to 
form images by the electrons having specific kinetic energies. High energy images can be 
obtained by using zero-loss beam in which there is no inelastically scattered electrons. 
Moreover, elemental distribution maps can be generated by using those inelastically 
scattered electrons having well-defined energy loss. Thickness maps can be produced by 
acquiring zero-loss and unfiltered images using the t/λ=-ln(I0/It) where t is the thickness, 
λ is the average inelastic scattering mean free path length, It is unfiltered intensity and I0 
is zero-loss (filtered) intensity. λ is defined as; 
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where F is a relativistic correction factor; β is the collection semi-angle (mrad); E0 is the 
electron beam accelerating voltage (keV); EM is the average energy loss (eV) which can 
be denoted as EM = 7.6Z
0.36 where Z is atomic number [106]. 
TEM studies were conducted on both FEI Tecnai F30 Analytical TEM/STEM 
operating at 300 kV at Los Alamos National Laboratory and FEI Tecnai F20 ST operating 
at 200 kV at Texas A&M University. Some of the high resolution TEM (HRTEM) studies 
were performed on JEOL 2100F TEM operating at 200kV at Oak Ridge National 
Laboratory. The resolution of the microscopes are better than 0.2 nm. 
 
2.3.5 Atom probe tomography (APT) 
APT is a destructive 3D technique that can resolve the atom types and positions in 
a sharp needle having the diameter <100 nm. Specimens are prepared either by 
electropolishing or focused ion beam (FIB) to obtain sharp needles. Atoms are extracted 
either by applying high voltage to exceed the field barrier in voltage pulse mode or by 
applying laser pulses to decrease field barrier as a result of temperature increase in laser 
pulse mode. By applying either high voltage pulse or laser pulse, a high electric field is 
created on sharp tip and atoms are evaporated and accelerated towards the imaging 
detector. The chemical composition is determined by pulsing the evaporation and 
measuring the time-of-flight to find the mass-to-charge ratio. The position of the atoms on 
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the tip can be detected from the position where atoms hit to the detectors and the depth 
information is obtained by the sequence of evaporation [108]. 
Even though laser pulsing has the advantage of long tip life by preventing the early 
tip cracking, voltage pulsing is mostly used for steels. It has been shown that laser pulsing 
creates nonuniform evaporation because of low heat diffusivity of steels [109].  
In this study, NFs in 14YWT NFAs were analyzed using the APT method. The 
APT measurements were conducted using a Cameca Local Electrode Atom Probe (LEAP) 
3000xHR in voltage pulsing mode.  
 
 
2.4 Mechanical property testing by hardness tests 
Microhardness testing is employed to determine the hardness of the materials 
before irradiation using Vickers indenter which uses a diamond indenter having square 
based pyramidal shape. In this test, force is applied to the polished sample surface and 
held in contact for 10-15 seconds. Hardness Vickers (HV) is calculated using the following 
formula after measuring and averaging the two diagonals. 
2
2000 sin( / 2)P
HV
d

                                              (2.2) 
where P is the load α is the face angle which is 136° and d is the average diagonal length 
[110]. In this study, Struers DuraScan-70 hardness tester with 1 kg load was used for 
microhardness measurements. 
Nanohardness testing was performed to study the irradiation-induced hardening. 
The indentation hardness, HIT, is determined by the maximum applied force, Fmax, and 
cross-sectional area, Ac, of the contact between the indenter and the sample [111]:  
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cIT AFH /max                                                   (2.3) 
To calculate the indentation cross-section, first the load-displacement curve shown 
in Fig. 2.4 should be fitted. The intercept depth, hi, and maximum depth, hmax, at maximum 
load is acquired to calculate the contact depth, hc, as hc=hmax-ε(hmax-hi). ε is the correction 
factor of tip shape which is 0.75 for Berkovich indenter [112]. Therefore, indentation 
cross-section for Berkovich tip is calculated using the formula of Ac=23.96×hc
2 and 
indentation hardness can be found by inserting the values to equation 2.3. 
 
 
Figure 2.4 Schematic of a typical loading-unloading curve during indentation [113]. 
 
 
In this study, nanoindentation hardness measurements were performed on the 
irradiated samples using a MTS Nano Indenter XP™ using Berkovich tip. 
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3. EFFECTS OF HIGH DOSE IRRADIATION ON MICROSTRUCTURE 
DEVELOPMENT IN EK-181 
 
3.1 Overview 
EK-181 is a low-activation ferritic/martensitic steel that is an attractive candidate 
for in-core component materials for both fast reactors and fusion reactors. To assess the 
effect of structural engineering on radiation responses, two variants of EK-181 were 
studied: one in an annealed condition and the other subject to severe plastic deformation. 
These specimens were irradiated with 3.5 MeV Fe self-ions up to 400 peak dpa at 
temperatures ranging from 400 °C to 500 °C. The deformation did not suppress swelling 
over the whole irradiated region. Instead, deformed samples showed higher swelling in 
the near surface region. Void swelling was found to be correlated with grain boundary 
instability. Significant grain growth occurred when steady-state void growth stages 
started. It was believed that stable void nuclei and growing grain boundaries act as biased 
trapping centers for vacancies and interstitials, respectively. 
 
3.2 Introduction 
In-core structural materials for next-generation nuclear reactors require good 
radiation resistance to embrittlement and void swelling, but also require a rapid reduction 
of neutron induced activity to meet low-activation goals [44,114-116]. Among various 
high-chromium reduced activation F/M alloys [114,117,118], the Russian alloy EK-181, 
often designated as "Rusfer", has been intensively studied as one promising candidate for 
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in-core components for both fast reactors and fusion reactors [119]. Its popularity arises 
from the potentially lower swelling, low activation, and high strength, especially at higher 
irradiation temperatures [119,120]. The alloy is normally used in quenched and tempered 
conditions, yielding a dual phase tempered F/M structure [119,121]. Furthermore, 
extensive research efforts have been and continue to be made to improve this alloy and its 
variants through the optimization of heat treatments and surface modification to produce 
better corrosion resistance and mechanical properties [114,119,121-127]. 
Previous studies have shown that nano-grained metals often exhibit improved 
swelling resistance due to defect sink properties of the high density of nano-grain 
boundaries [86]. Void swelling studies on nano-grained EK-181 have not yet been 
performed and are critical to evaluating the impact of this processing technique for further 
increasing its radiation tolerance. Severe plastic deformation (SPD) techniques which 
allow nano-structuring of a wide range of bulk metallic materials appear to be promising 
tools for producing high strength and radiation-resistant materials. 
Early studies on the ion irradiation of alloys treated by SPD suggest that they often 
develop significantly enhanced radiation tolerance [128-131]. ECAP, one SPD technique, 
has been used to introduce ultrafine grains in both austenitic and F/M alloys [132,133]. 
Studies on austenitic Fe-14Cr-16Ni and F/M T91 have shown that ECAP can improve 
swelling resistance due to increased defect sink densities arising from very high interface-
to-volume ratios introduced by SPD [134-136]. In addition to increases in grain boundary 
densities, large shear stresses involved in the ECAP process result in fragmentation and 
redistribution of second phase particles [137,138]. Several studies have shown that ion 
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irradiation results in compositional and size changes of nanostructured precipitates 
occurring together with grain boundary segregation [129,139]. The overall structural 
stability of SPD-introduced features depends strongly on material composition and 
fabrication. The first neutron irradiation experiments on ECAPed low carbon steel 
[140,141] and ECAPed 321 stainless austenitic steel [142] demonstrated the potential to 
produce more radiation-tolerant materials for fission reactor environments. Since the EK-
181 alloy has a substantial and growing database for both unirradiated and neutron-
irradiated conditions, it is ideal to use high dose self-ion irradiation as a surrogate to 
neutron irradiation for accelerated screening of different processing techniques. 
Comparison of the microstructural evolution of ion irradiated specimens with neutron 
irradiation data can validate behaviours observed in ion irradiated specimens and further 
refines ion irradiation testing. The present study is part of a larger effort where EK-181 is 
being irradiated in an annealed ferritic condition, an F/M condition, and in several severely 
plastically deformed conditions. In this report we focus only on two conditions, namely 
annealed ferritic EK-181 and one severely deformed variant starting from the annealed 
condition. 
 
3.3 Experimental procedure 
In order to study the effect of nano-structuring on the irradiation response, EK-181 
was produced in two variants. The first variant was hot rolled and annealed at 800 °C for 
1 hour, slowly cooled in a furnace down to 600 °C, and then air cooled. This variant is 
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referred as the "annealed" condition in the following discussion.  The annealed samples 
were received in the form of 10 mm diameter rods. 
The second variant was produced starting from the annealed condition. The 
samples were subjected to HPT, a method of severe plastic deformation that introduces 
extremely high strain into processed materials [143]. This variant is referred as ‘severely 
deformed’ condition in the present study. HPT was performed with an applied pressure of 
6 GPa at 400 °C, and at 0.5 rotations per minute. In this study, 10 rotations of the die-set 
were performed. As a result, nano-structured specimens of EK-181 steel were produced 
in the form of disks, 10 mm in diameter and 0.9 mm in thickness. The imposed shear strain 
at half-radius was estimated by γ=2πrn/h (where r is the distance from a disk center, h is 
the thickness of the disk and n is the number of rotations), leading to γ≈175. 
EK-181 samples of both variants were cut into thin disks of ~1 mm thickness. The 
specimen thickness was further reduced down to about 600 µm by applying mechanical 
polishing starting from SiC paper grit of 800 up to 4000. The mechanically polished 
samples were then chemically polished in a solution of sulfuric acid (50%) and phosphoric 
acid at 20 °C with an applied voltage of 5 V for 20-30 seconds to remove surface damage 
introduced by mechanical polishing.  
 Samples were irradiated by using 3.5 MeV Fe2+ to 100 peak dpa at 400, 425, 450, 475 
and 500 °C, to determine the temperature range of swelling under these ion irradiation 
conditions. In another set of experiments, samples were irradiated at the peak swelling 
temperature of 475 C to higher doses of 200, 300 and 400 peak dpa. Damage range was 
calculated using Kinchin-Peace option of SRIM with displacement energy of 40 eV.   
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The vacuum during ion irradiations was better than 1×10-6 Torr.  A 6mm×6mm 
defocused ion beam was used, rather than a rastering or beam-sweeping mode, due to the 
fact that rastering suppresses void swelling [16,144]. Swelling suppression by rastering 
has been experimentally demonstrated in two recent studies [145,146]. The dose 
uniformity within a 6mm6mm irradiated region is tested by Fe ion irradiation on a 
monocrystalline Si sample, following by channeling Rutherford backscattering 
spectrometry analysis by using a 2 MeV He analysis beam of 1mm beam spot size. The 
Fe irradiation induced damage on different testing spots varies within about 5%. 
The beam current was controlled to be ~200 nA to minimize localized beam 
heating, with the temperature rise estimated to be at most 5 °C. The sample temperature 
was monitored by using a thermocouple mounted on the side of the face that the specimens 
were mounted on. The temperature reading provided feedback to the power supply 
controlling the heating filament within the hot stage positioned beneath the target holder. 
The temperature fluctuation recorded during the irradiation was less than ±5 C. The 
displacement rate at the peak displacement depth was 1.7×10-3 dpa per second. 
The original microstructure was characterized in Russia using a Zeiss EVO 50 
XVP SEM, followed by additional transmission electron microscopy at Texas A&M 
University using an FEI Tecnai F20 ST TEM operating at 200 kV. STEM and BF TEM 
imaging at an under-focus condition of ~500 nm were used for the swelling studies. Grain 
size measurements were performed by using BF imaging as well. The specimens for cross-
sectional TEM were prepared by using a FIB lift-out technique. Prior to FIB cutting, a thin 
Pt layer was deposited on the sample surface to protect the features beneath the surface. 
 51 
 
The FIB specimen thickness was determined by using electron energy loss spectroscopy 
for each specimen. Typical thicknesses ranged from 50 nm to 100 nm.  
The present study focuses on the swelling resistance and grain stability during 
irradiation of the two EK-181 variants. Therefore, a comparison was always made for the 
irradiated region ≤Rp and the region far beyond Rp, in order to differentiate irradiation 
and thermal annealing effects on grain growth.  
 
3.4 Results and discussion 
Fig. 3.1a and Fig. 3.1b compare the SEM surface imaging of annealed EK-181 and 
severely deformed EK-181, respectively, prior to ion irradiation. The grain sizes of the 
annealed sample ranged from ~1 to 10 µm. Furthermore, carbides, shown by arrows, were 
found to form along grain boundaries. For the severely deformed sample, grains were 
observed to be homogenous and equiaxed. This suggests that there was no large strain 
gradient across the deformed samples. Grain size measurements, for the severely 
deformed samples, is challenging for SEM due to its resolution limit. TEM 
characterization, averaged over more than 100 grains, showed that the grain size is reduced 
to ~135 nm after HPT deformation. 
 52 
 
 
Figure 3.1 SEM images of (a) annealed EK-181 (b) HPT processed, severely deformed 
EK-181, showing the non-homogenous distribution of carbides along the grain boundaries 
on both variants. Typical M23C6 type carbides in bright contrast along the grain boundaries 
are shown by arrows. Note difference in scale of the two micrographs. 
 
 
Figure 3.1 SEM images of (a) annealed EK-181 (b) HPT processed, severely 
deformed EK-181, showing the non-homogenous distribution of carbides along the grain 
boundaries on both variants. Typical M23C6 type carbides in bright contrast along the grain 
boundaries are shown by arrows. Note difference in scale of the two micrographs. 
 
3.4.1  Swelling 
3.4.1.1 Temperature dependent swelling  
Fig. 3.2a and Fig. 3.2b show typical TEM micrographs obtained from the annealed 
and severely deformed samples, respectively, after irradiation to 100 peak dpa at 400, 425, 
450, 475 and 500 °C.  With increasing temperature, the void size increased and the void 
density decreased.  In all samples, voids formed only within a shallow region near the 
front portion of the ion range, less than 300 nm from the surface. No voids were observed 
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at deeper regions, similar to the behavior observed in earlier studies in pure iron arising 
from the spatial difference in interstitial and vacancy concentrations, and excess interstitial 
concentration close to the projected range of implanted Fe [147]. Comparison between the 
temperature dependence of swelling of the annealed and severely deformed samples 
shows that severely deformed samples exhibited higher swelling than annealed samples. 
Furthermore, maximum swelling occurred at 475 °C for both conditions, a temperature 
that is in agreement with results of earlier studies on similar alloys [44,148,149]. Due to 
this reason, our studies on swelling dependence on dpa selected 475 °C as the irradiation 
temperature.   
 
 
Figure 3.2 TEM micrographs of (a) annealed EK-181 samples and (b) severely deformed 
EK-181 samples, irradiated to 100 peak dpa at 400 °C, 425 °C, 450 °C, 475 °C, 500 °C, 
and their corresponding summary plot of swelling as a function of dpa values. Arrows 
refer to the beam bombardment direction. 
 54 
 
  
Figure 3.2 Continued. 
 
3.4.1.2 Dose dependent swelling 
Fig. 3.3a to Fig. 3.3d show TEM micrographs of void distributions in annealed 
EK-181 samples irradiated at 475 °C to 100, 200, 300 and 400 peak dpa, respectively. 
Both void density and size increased with increasing dpa. For the sample at 100 peak dpa, 
the mean void size was determined to be ~7 nm, and increased to ~85 nm in the 400 peak 
dpa sample. Fig. 3.3e shows the depth-dependent swelling curves for the four dpa levels, 
superimposed on the SRIM-calculated dpa and injected Fe ion profiles. With increasing 
dpa, void swelling pushed into deeper regions and the swelling profile began to more 
closely resemble the dpa curve. However, the defect imbalance effect strongly suppressed 
void swelling throughout much of the ion-deposited range. This suppression is a well-
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known phenomenon where void nucleation is strongly suppressed by orders of magnitude, 
and the post-transient swelling rate is often suppressed by a factor of 3 to 5 [150].  
 
 
Figure 3.3 TEM images of annealed EK-181 samples irradiated to (a) 100 peak dpa, (b) 
200 peak dpa, (c) 300 peak dpa, and (d) 400 peak dpa at 475 °C; and (e) swelling vs. depth 
profiles. Arrows refer to the beam bombardment direction. 
 
 
Void characteristics measured over a depth range of 400 to 700 nm are shown in 
Fig. 3.4.  This depth interval is ideal to minimize both the injected interstitial and surface 
sink effects. With increasing dpa, voids grew and began to approach saturation to a size 
of ~70 nm.  
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Figure 3.4 Plots of (a) void size and (b) void density as a function of local dpa for annealed 
EK-181. Measurements were performed at the depth region between 400 to 700 nm. 
 
 
Fig. 3.5a to Fig. 3.5d show typical micrographs of void distributions in severely 
deformed EK-181 samples irradiated at 475 °C to 100, 200, 300 and 400 peak dpa, 
respectively. Fig. 3.5e shows the depth dependent swelling curves for different dpa levels. 
Similar to the annealed samples, defect imbalance effects are still dominant even for the 
highest dpa and voids are suppressed in most of the injected ion range. Compared to the 
annealed specimens, however, void distributions in the deformed samples peak closer to 
the front surface with the maximum swelling in the region of 100 nm to 400 nm depth for 
all peak dpa levels. 
Fig. 3.6a and Fig. 3.6b show the void size and density changes as a function of dpa 
at the depth range of 400 nm to 700 nm. The void size increased with dpa and appeared to 
saturate at ~21 nm while the void density remained almost constant. In contrast with the 
annealed samples, the observed voids are smaller but present at higher concentration in 
the deformed samples.  
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Figure 3.5 TEM micrographs of severely deformed EK-181 after irradiation to (a) 100 
peak dpa, (b) 200 peak dpa, (c) 300 peak dpa, and (d) 400 peak dpa at 475 °C, and (e) 
corresponding depth profiles of swelling. Arrows refer to the beam bombardment 
direction. 
 
 
 
 
Figure 3.6 Plots of (a) void size and (b) void density as a function of local dpa for severely 
deformed EK-181. Measurements were performed at a depth region between 400 to 700 
nm.  
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3.4.1.3 Swelling comparison  
If deformation or grain engineering increases swelling resistance, it is expected 
that swelling should be lower within the irradiated regions. However, it is difficult to 
conclude from the present study on whether severe deformation reduces swelling in a 
systematic and obvious manner. The complexity comes from the observation that, while 
swelling peaked at about half of Fe projected range for the annealed sample, the maximum 
swelling depth shifted to a much shallower depth region  for the deformed samples.  At 
this shallow region (100 to 400 nm), deformed samples swelled more than annealed 
sample.  However, if the comparison is made at the half of Fe projected range, the annealed 
sample swelled more than the deformed samples. In order to alleviate this issue, we 
compare the swelling as a function of local dpa for the two sets of samples, with more 
focus on the swelling incubation period difference, rather than the absolute swelling value. 
As to be discussed, the study suggests that the near surface region of the deformed samples 
have the shortest swelling incubation periods.   
Due to the combined influence of the gradients in dpa and injected interstitials, the 
resultant depth distribution of swelling can be challenging to analyze. It is not surprising 
that the results might be sensitive to the depth range chosen for void counting. When 
searching for void characteristics, we chose reasonably wide depth intervals. 
To demonstrate the sensitivity of void swelling to both local dpa and local depth, 
Fig. 3.7a and Fig. 3.7b plot the swelling curves at different depth regions for annealed and 
severely deformed samples, respectively. For the annealed samples, their void swelling 
incubation periods varied at different depths. The deeper the depth, the longer the 
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incubation periods, due to a strong injected interstitial effect which influences the most 
when the depth approaches the peak dpa location. An early paper by Garner and Guthrie 
assessed the possible impact of such “internal gradients” in dpa rate on the resultant 
swelling vs. depth profile [151]. Of most importance, they showed that higher dpa rates 
frequently extended the transient regime of swelling in neutron irradiations of austenitic 
steels [7,34]. It was also shown in the previous studies that ion-induced swelling of simple 
model austenitic alloys exhibited an incubation period that increased with increasing dpa 
rate [152]. Variation of incubation periods in the severely deformed samples are much less 
since swelling occurs in a relatively narrower and shallower region with less dpa rate effect 
and weaker injected interstitial effect.  
 
 
 
Figure 3.7 Swelling curves of (a) annealed and (b) severely deformed EK-181 samples as 
a function of dpa, extracted from different depth regions. 
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Since the maximum swelling in the deformed samples occurs at shallow depths 
which correspond to low local dpa region, the final swelling is not as significant as that in 
annealed samples. This leads to the difference that, while the annealed samples reach 
steady-state swelling of 0.2%/dpa at all depths sampled, it is more difficult to see this 
effect in the severely deformed sample.  Only the depth region of 100 to 400 nm of the 
deformed sample reach the steady-state swelling of 0.2%/dpa, and its swelling incubation 
period is only about 75 local dpa. In a comparison with Fig. 3.7a, this swelling incubation 
period represents the lowest, regardless of the analysis depth in all samples.  
If the swelling regions are not affected by the injected interstitial effect, the 
swelling dependence on depth can be converted to swelling dependence on local dpa 
values, thus obtaining useful information on swelling/dpa rate. Fig. 3.8a plots swelling 
depth profile obtained from the annealed sample after 400 peak dpa irradiation.  The solid 
circles refer to the region unaffected by injected interstitials and the hollow circles refer 
to the regions where injected interstitials (blue colored curve) begin to suppress swelling, 
judged by comparing with SRIM calculated dpa profile. Fig. 3.8b plots the swelling values 
as a function of local dpa values, extracted from Fig. 3.8a. We once again see a swelling 
rate in the injected-interstitial-free zone that is comparable to the 0.2%/dpa.  
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Figure 3.8 (a) Depth dependent swelling of annealed specimen after 400 peak dpa 
irradiation and (b) swelling of the same sample as a function of its local dpa values.  
 
   
3.4.2 Grain growth in severely deformed EK-181 
Fig. 3.9a shows cross-sectional TEM images obtained from severely deformed 
samples irradiated to 100 peak dpa at different temperatures. Fig. 3.9b shows micrographs 
of the severely deformed samples irradiated to doses of 100 to 400 peak dpa at 475 °C. 
Irradiated regions are marked by the dashed boxes. Comparisons between irradiated and 
unirradiated regions show that there is a significant grain growth in the irradiated regions. 
It is clear that the grain size increased with both increasing temperature and dpa level.  
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Figure 3.9 TEM micrographs showing extensive grain growth in the irradiated regions (a) 
for 100 peak dpa irradiation at different temperatures, and (b) for different dose levels at 
475 °C. Arrows refer to the beam bombardment direction. 
 
 
Fig. 3.10a compares the grain sizes of irradiated and unirradiated regions as a 
function of irradiation temperatures under the same dose (100 peak dpa). Statistics were 
obtained by performing 20 to 120 measurements to calculate the average grain size in both 
irradiated and unirradiated regions. The dashed lines represent the grain size before 
irradiation. The triangular symbols refer to the grain sizes in the unirradiated region 
influenced by thermal annealing only. The square symbols refer to the grain sizes within 
the irradiated region which has both an irradiation effect and thermal annealing effect. 
While thermal annealing slightly increased grain sizes, additional size growth was 
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noticeable even for the lowest irradiation temperature and irradiation-induced growth 
became significant at temperatures higher than 700 K.   Fig. 3.10b shows grain sizes where 
all samples were irradiated to different dpa values at 475 °C. Systematically, ion 
irradiation increased grain sizes at all dpa values. Significant irradiation-driven grain 
growth was observed even at the lowest dpa (100 peak dpa). Both irradiated and 
unirradiated regions reached saturation at high dpa values. Beyond 200 peak dpa, the 
average grain size in irradiated region approached ~1000 nm and the size in the 
unirradiated region approached ~370 nm.  
 
 
Figure 3.10 (a) Temperature dependence of mean grain size at 100 peak dpa (b) dose 
dependence of mean grain size at 475 °C in irradiated and unirradiated regions of severely 
deformed EK-181 samples. 
 
 
Grain growth mechanisms are complicated. Previous studies suggested that if the 
damage cascade and thermal spike volume are comparable to grain sizes, grain growth is 
promoted [153]. Molecular dynamics simulations also observed such grain growth [154]. 
However, the initial grain size of the severely deformed sample is about 135 nm, which is 
 64 
 
much larger than the typical cascade volume (a few nanometers from an ion track). Hence 
direct damage cascade interactions with grain boundaries are possible but may not play a 
significant role in the present study, considering relatively large grain sizes in the 
deformed samples. Furthermore, the damage cascade effect should be most dominant in 
the peak dpa region where nuclear stopping powers reach the maximum. This effect is less 
dominant in the near surface region where electronic stopping powers are significant. In a 
contrast, there is no such depth dependent grain growth observed from the TEM cross 
sectional characterization. 
If a grain boundary acts as an equally efficient trapping/absorption center for both 
interstitials and vacancies, the defect absorption by boundaries should not lead to 
significant boundary reconfiguration. However, if boundaries become a biased trapping 
center for interstitials, grain boundary growth may occur. We suspect that grain coarsening 
is driven by net absorption of interstitials, although the detail mechanism is unclear at this 
point. Once stable void nuclei form within grains, these voids act as biased vacancy 
absorption centers and growing grain boundaries may act as biased interstitial absorption 
centers. This biased point defect trapping accelerates swelling. In other words, grain 
growth is correlated to swelling. 
Note that significant grain growth occurs even for the low dose of 100 peak dpa. 
If we believe that void swelling is correlated with grain growth, two observations are 
expected: one is that after 100 peak dpa irradiation, the deformed sample may already 
exhibit noticeable swelling. The other is that the void swelling incubation period for the 
deformed samples may be less than 100 dpa. As shown in Fig. 3.5e, for the 100 peak dpa, 
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swelling is noticeable in the shallow depth region of 100 to 400 nm. Furthermore, the 
shortest swelling incubation period for the depth region of 100 to 400 nm, as suggested by 
Fig. 3.7b, is about 75 local dpa. While these observations cannot serve as direct evidence 
that grain instability causes void swelling, they support a correlation between these two.  
That is, grain instability reduces the incubation period for void swelling.   
Grain coarsening reduces the benefit of introducing high density grain boundaries 
as defect sinks. In comparison with the effects from the changes of boundary densities, the 
effect from coarsening itself plays a significant role in swelling. Hence, even after grain 
coarsening with grain sizes smaller than the annealed samples, noticeable swelling 
occurred in deformed samples. The present studies suggest that grain boundary 
engineering needs to consider boundary stability. As for the technological development, 
using oxide particles or carbide precipitates to immobilize grain boundaries may be a 
realistic approach.  
 
3.5 Conclusions 
Self-ion irradiations of two variants of ferritic-martensitic alloy EK-181 have been 
examined with special interest paid to the neutron-atypical factors of injected interstitial 
and internal gradients in dpa rate. While severe plastic deformation changes the depth 
distribution of swelling in EK-181, it does not confer any significant improvement in 
swelling resistance and appears to actually accelerate the onset of swelling in the shallow 
depth region. This result is attributed to the instability of nano-grains in the severely 
deformed samples arising from the combined effects of thermal annealing and ion 
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irradiation. It appears that once steady-state swelling is attained in any alloy variant or 
depth position in that variant the swelling rate is on the order of ~0.2% per dpa, but that 
the incubation period preceding this rate is dependent on the dpa rate associated with the 
depth range where the data were extracted. 
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4. EFFECT OF SHOCK LOADING ON THE MICROSTRUCTURE, 
MECHANICAL PROPERTIES AND GRAIN BOUNDARY CHARACTERISTICS OF 
HT-9 FERRITIC/MARTENSITIC STEELS†  
 
4.1 Overview 
The microstructural changes and mechanical response of an HT-9 sample shock 
loaded to a peak pressure of 11 GPa have been investigated by TEM, XRD, microhardness 
and EBSD techniques. Dislocation densities obtained by both direct measurements (via 
TEM) and indirect calculations (by XRD and hardness) indicate that shock loading results 
in ~2-3 fold increase in dislocation density. TEM analyses show that the shape, and density 
of the dislocations change after shock loading. In addition, shock loading causes local 
plastic deformation of the continuous parallel lath structure in some regions, together with 
an overall decrease in the aspect ratio of laths due to local plastic deformation and lath 
fragmentation. As a result of XRD analyses, the fraction of edge dislocations is determined 
to increase by ~24% after shock loading. Furthermore, hardness increases by ~40 HV after 
shock loading due to the increased dislocation density. EBSD analyses show that the 
fraction of CSL boundaries decreases by ~5-10 % as a result of shock loading. 
 
 
                                                 
 Reprinted with permission from “Effect of shock loading on microstructure, mechanical 
properties and grain boundary characteristics of HT-9 ferritic/martensitic steels” by E. 
Aydogan, O. Anderoglu, S.A. Maloy, V. Livescu, G.T. Gray III, et al., 2016, Materials 
Science and Engineering A, 651, 75-82, Copyright 2016 by Elsevier. 
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4.2 Introduction  
The effect of shock-loading on the microstructural evolution and mechanical 
response of metals has been studied for over 50 years. By studying the capability of 
materials to withstand a shockwave created plastic wave, new knowledge can be obtained 
on defect generation and mobility mechanisms. The first response of materials to shock 
loading is elastic deformation within 100 picoseconds [155,156]. At the same time, if the 
pressure is high enough, second phase particles can precipitate due to instantaneous 
heating and activation of thermal processes [157].  If the pressure is not high enough for 
phase transformations, existing defects can be activated or new ones can be nucleated as 
slip continues along preferred planes. Following defect activation and slip processes, 
either twinning occurs if it is favorable, or strain hardening occurs owing to the interaction 
and entangling of dislocations which promotes the formation of new dislocations. Since 
bcc crystals lack the number of close packed planes compared to fcc crystals, in addition 
to having fewer slip planes, the interaction and entanglement of dislocations are more 
severe in bcc crystals [158]. On the other hand, shock generated deformation twinning in 
fcc metals is much more sensitive than bcc metals [159] to both material properties (e.g. 
grain size [160], crystallographic orientation with respect to the deviatoric stress state 
[161]) and experimental parameters (e.g. peak pressure [162] and pulse duration [163]).  
In the literature, there are many studies on the shock response of iron-based 
materials. Together with the fully reversible phase transformation from alpha-iron (α) to 
epsilon-iron (ε) at 13 GPa [164-167], shock loading creates a number of defects [168]. 
Shock deformation in bcc iron alloys occurs by the competition between deformation 
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twinning and slip mechanisms [169]. A critical twinning stress is postulated to be directly 
proportional to the stacking fault energy [170,171]. Therefore, under normal deformation 
conditions, pure bcc iron deforms by dislocation glide since it has a relatively high 
stacking fault energy [172,173]. On the other hand, low temperatures and high 
deformation rates facilitate twin formation in most crystal structures by retarding 
thermally-activated dislocation processes [169]. Recently, Gregory et al. [174] studied the 
effect of high strain rate explosive loading on the microstructure of plain carbon steels. It 
was discovered that shock loading leads to elongated grains in ferrite and pearlite phases 
and the formation of slip bands along with mechanical twins. Similarly, De Resseguier 
and Hallouin [175] observed a considerable amount of twin formation at high peak loading 
pressures up to 60 GPa in polycrystalline iron. They reported that twin volume fraction 
decreases with decreasing shock loading and predicted the elastic-plastic response of the 
materials and twin volume fractions as a function of pressure using a constitutive twinning 
model proposed by Johnson and Rohde [176].   
F/M HT-9 steel is a promising material with extensive irradiation experience for 
use in the nuclear materials community. Although the effect of shock loading on plain 
carbon steels, pure iron and FCC stainless steels has been extensively studied, there are 
no detailed studies on the effect of shock loading on microstructural and mechanical 
properties of bcc stainless steels. Therefore, in this study, the effect of shock loading on 
microstructure, dislocation density and mechanical properties, together with (sub)grain 
boundary characteristics has been investigated below the α-iron to ε-iron transformation 
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pressure. As-received and shock deformed microstructures and mechanical properties 
were investigated using TEM, XRD, microhardness and EBSD techniques. 
 
4.3 Experimental procedure 
The HT-9 alloy was normalized at 1040 °C for 30 minutes and air cooled followed 
by tempering at 760 °C for 1 hour and air cooling. During tempering, carbon released from 
martensite precipitated as carbides on the lath boundaries and primary austenite grain 
boundaries.  
The present shock recovery experiments were performed using an 80-mm single-
stage launcher. The shock recovery technique was presented previously elsewhere 
[177,178]. A 5.08-mm-thick, 25.4-mm-diameter sample was stacked behind a 38-mm-
diameter, 1-mm-thick cover plate and slip fit into a precisely bored recess on top of a 7 
degree tapered, 12.7-mm-thick, inner momentum disk. Sample spallation was suppressed 
by backing the sample assembly with a 3.8-mm-thick spall plate, which also served as a 
longitudinal momentum trap. The central disk and spall plate were further surrounded by 
two concentric rings with outside diameters of 69.8 and 82.5 mm which protected the 
center of the sample from large amplitude release tensions. All assembly components were 
fabricated from AISI 4340 steel to ensure good impedance matching with the HT-9 steel 
sample during shock loading. The sample assembly was placed inside a steel 
impact cylinder that permitted passage of the sample inner momentum trapping ring 
through a central hole but stopped the projectile. Samples were shock loaded to an ~11 
GPa peak pressure and "soft" recovered and cooled by decelerating the sample and inner 
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momentum trapping ring in a water catch chamber positioned immediately behind the 
impact area [178].   
Standard metallographic techniques were used to prepare the samples for 
characterization. Jet electropolishing was performed using a solution of perchloric acid 
(5%) and methanol at -40 °C with an applied voltage of 20 V. Samples were investigated 
using both TEM and SEM. The microstructure and dislocation morphology were 
characterized using an FEI Tecnai F30 TEM operating at 300kV. Dislocation densities 
from TEM images were calculated by using two different methods. A line-intercept 
method defined in Ref [179] was used for the TEM images taken at the same kinematic 
conditions, whereby six randomly placed lines of different angular orientation were drawn 
over the TEM images. The dislocation density ρ is simply the number of points N divided 
by the total line length of the random lines Lt, multiplied by foil thickness t [180]:  
t
N
L t
                                                         (4.1) 
A second technique was used to check the reliability of the dislocation density 
results obtained from the line-intercept method. This technique was employed simply by 
measuring the total length (Lt) of the dislocations divided by the volume of the investigated 
region (V). The thickness of the region of interest was measured by the energy filtered 
TEM technique which introduces ~10% error to the measurements. The total dislocation 
density ρ was calculated using the following relationship [181]: 
tL
V
                                                           (4.2) 
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In addition to the TEM investigations, dislocation densities were also calculated 
using XRD and hardness methods. X-ray analysis of the specimens was conducted with 
Rigaku Ultima III. The wavelength of the source was Cu Kα containing both Kα1=1.54056 
Å and Kα2=1.5444 Å. Instrumental broadening was determined by using NIST calibrated 
LaB6 powders. Scans were operated from 10° to 140° with the rate of 0.02°/min using a 
constant slit to reveal the diffraction planes of (110), (200), (211), (220), (310) and (222). 
Moreover, the effect of shock loading on the mechanical properties was tested by 
measuring microhardness using a Struers DuraScan-70 hardness tester with 1 kg load.  
The grain boundary characteristics of the as-received and shock pre-strained 
specimens were examined with EBSD using an FEI Inspect FEG SEM equipped with TSL 
EBSD equipment. Since the sample was tilted 70° from the horizontal, diffraction data 
were obtained from a very thin surface layer, meaning that the results were surface 
sensitive. During scans, an acceleration voltage of 20 kV and aperture size of 50 µm were 
used. The size of the scan region was determined according to the grain and substructure 
size as 50µm x 145µm. The step size showing the scan rate of the selected region was kept 
at 140 nm for all scans.  
 
4.4 Results and discussion 
4.4.1 Effect of shock loading on the microstructure and mechanical properties 
The effect of shock loading on the microstructure was investigated by TEM and 
XRD methods while microhardness and compression tests were utilized to assess the 
shock loading effect on the mechanical properties. Dislocation densities of the as-received 
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and as-shocked samples were obtained by using TEM, XRD and hardness methods. 
Details of those methods are explained in the following sections. 
 
4.4.1.1 Effect of shock loading on the microstructure 
Fig. 4.1 shows the TEM bright field images of the HT-9 samples in the as-received 
and as-shocked conditions. In the as-received condition, carbides precipitate along 
primary austenite grain boundaries together with parallel lath boundaries as a result of 
tempering. After shock loading, carbides remain at the lath and prior austenite boundaries; 
however, the dislocation density increases considerably (~2-3 fold). The dislocation 
density of the as-received sample is calculated as 3.3±0.7x1014 m-2 while it is calculated 
as 7.8±1.6x1014 m-2 for the as-shocked sample. The calculated errors occur during 
thickness and dislocation counting measurements. 
 
 
 
Figure 4.1 TEM bright field images of the (a) as-received sample (b) shocked loaded 
sample with the peak pressure of 11 GPa at room temperature. 
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Detailed investigations performed under the same kinematic conditions (g-vector 
of (110)) indicate that the dislocation structures in both cases are quite different. Initially, 
dislocations are continuous and distributed homogenously within the laths (Fig. 4.2a). On 
the other hand, dislocations are observed to become entangled as a result of shock loading. 
Moreover, the dislocation density at the lath boundaries is considerably higher compared 
to the inner parts of the laths (Fig. 4.2b). As a result of the high dislocation density at the 
lath boundaries, contrast of the carbide particles increases leading to a coarsened shape. 
  
 
Figure 4.2 TEM bright field images of (a) as-received (b) as-shocked conditions along 
(110) direction showing the structure of dislocations.  
 
 
Yasunaga et al. observed that at high strain rates exceeding ~103 s-1, dislocation 
cell structures do not tend to form and small dislocation loop formation occurs in bcc 
metals of V, Nb and Mo [182]. Similarly, HT-9 F/M steel shows dislocation loops without 
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dislocation cell formation after high rate shock loading as shown in Fig. 4.3. As an 
example, some of the dislocation loops are circled with red dashed lines.  
 
 
Figure 4.3 TEM bright field image of the as-shocked sample showing the dislocation 
structure and dislocation loops (red dashed circles) on g=(110).  
 
 
 
Together with subtle changes in the dislocation structure, shock loading is 
observed to reflect local plastic deformation of the continuous parallel lath structure in 
some regions, as well as an overall decrease in the aspect ratio of laths due to local plastic 
deformation and lath fragmentation. Fig. 4.4a and Fig. 4.4b show bright field images of 
different regions where several of the continuous laths are observed to be deformed and 
fragmented. Lath boundaries are denoted by the dashed red lines for better visualization 
in Fig. 4.4b. Fragmentation of the lath structure is consistent with previous observations 
in the literature.  Zel’dovich et al. [183] studied the effect of shock loading on the 
cementite laths in a pearlite structure and observed that depending on the macroscopic 
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orientation of the pearlite structure relative to the shock-wave propagation direction, the 
cementite laths were observed to be either deformed or locally fragmented.  In addition, 
Fig. 4.4c shows that the overall aspect ratio of the laths is reduced in some regions. This 
decrease in the aspect ratio of the laths is attributed to the local plastic deformation of the 
laths compared to the surrounding microstructure during the plastic compression and 
rarefaction portions of the shock pulse. Since shock loading subjects a sample to 
principally 1-D uniaxial strain compression [184], plastic flow predominantly occurs in 
the loading direction. Accordingly, if the lath structure lies parallel with the direction of 
shock loading, plastic flow is mostly along the laths resulting in preservation in the parallel 
structure. Conversely, if the packets are oriented at an angle to the loading direction, 
plastic deformation and localized shear deformation occur across lath boundaries and 
inside of laths rather than along laths and lath boundaries. Consequently, fragmentation of 
the laths leads to an overall reduction in the lath aspect ratio.  
 
 
 
Figure 4.4 TEM bright field images of shock loaded HT-9 sample showing (a&b) the 
destruction of continuous parallel lath structure at different locations and magnifications 
(c) the large aspect ratio as a result of shock loading. 
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XRD was another method implemented to investigate the effect of shock loading 
on the microstructure of HT-9 steels. Dislocation densities were calculated by XRD line 
profile analyses. The diffraction angles and full width at half maximum (FWHM) values 
for the as-received and as-shocked samples before subtraction of instrumental broadening 
are given in Table 4.1. There are no clear changes in the diffraction angles as a result of 
the peak shift. On the other hand, the peak broadening as a result of shock loading is quite 
pronounced especially at high diffraction angles which is consistent with the significant 
increase in dislocation density.  
 
Table 4.1 The XRD data of each reflection of the as-received and as-shocked HT-9 steels. 
Bragg 
Reflection  
2θ/deg         
(as-received) 
FWHM 
(Δ2θ)/deg  
(as-received) 
2θ/deg                
(as-shocked) 
FWHM 
(Δ2θ)/deg  
(as-shocked) 
(110) 44.7 0.3 44.7 0.4 
(200) 64.9 0.4 64.9 0.6 
(211) 82.2 0.5 82.2 0.6 
(220) 98.7 0.6 98.7 0.7 
(310) 116.0 0.8 116.0 1.1 
(222) 136.5 1.0 136.5 1.5 
 
 
 
Using the modified Williamson-Hall method [185-189], dislocation densities of 
the as-received and as-shocked HT-9 steel samples were calculated by using the 
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broadening values in Table 4.1 subtracted by the instrumental broadening as in the 
following equation.   
2 2
1/2 1/2 20.9 ( )
2
M b
K KC O K C
D

                                   (4.3) 
where 2sin /K    and cos [ (2 )] /K      . Here θ is diffraction angle, (2 )  is the 
full width at half maximum (in radians), and λ is the wavelength of the x-rays which is 
1.54056 Å for Cu radiation. In equation 4.3, D is the average substructure size, M is a 
constant that depends on both the effective outer cut-off radius and the density of 
dislocations, b is Burger’s vector and ρ is dislocation density. O represents the higher order 
terms in 2K C  where C  is the dislocation contrast factor and represented by equation 4.4.  
2
00(1 )hC C qH                                                   (4.4) 
00hC  is the average dislocation contrast factor on (h00) and is determined by crystal 
elasticity. It is calculated as 0.285 for pure iron [190]. Moreover, 2H  is a plane indices-
dependent variable which can be represented as 
2 2 2 2 2 2
2
2 2 2 2
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( )
h k h l k l
H
h k l
 
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 
. The q value is 
a parameter dependent on elastic constants of the crystal and edge or screw character of 
dislocations. Equation 4.3 can be converted to the linear relationship of 
2 2(( ) ) /K K   
vs. 2H  as; 
2 2 2
00[( ) ] / (1 )hK K C qH                                        (4.5) 
where α= (0.9/D)2 and β=
2 2 / 2M b  . In order to be able to calculate α values, average 
lath sizes of 698±33 nm and 870±51 nm were measured by EBSD analyses for as-received 
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and as-shocked HT-9 samples, respectively. The slope of the 
2 2(( ) ) /K K   vs. 2H  
plot shown in Fig. 4.5 gives 00hC q . Moreover, the q values of 2.10±0.08 and 1.77±0.09 
were obtained for the as-received and as-shocked samples, respectively from the intercept 
of linear fit to the x-axis.  
 
 
 
Figure 4.5 The modified Williamson–Hall plots of the FWHM for (a) as-received (b) as-
shocked specimens. The Miller indices of the reflections are also indicated. 
 
 
 
To calculate dislocation density from the slope of the plots, M is required. M is 
defined as Re√ρ where Re is the effective outer cut-off radius of dislocations which is 
0.78eR R .  R is the radius of the circular sub-area and it is defined as 
2
Gb

 where G is 
shear modulus, b is Burger’s vector and τ is shear stress. Consequently, Re values for the 
as-received and as-shocked samples are calculated as 20.1 nm and 16.5 nm, respectively. 
By inserting the Re values into the slope formula of 
2 2 2
00 00
2
e
h h
R b
C q C q
 
   , the 
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dislocation densities of as-received and as-shocked specimens are calculated as 
4.7±0.4x1014 m-2 and 10.3±0.6x1014 m-2, respectively.  
Theoretical values of q for edge and screw dislocations in pure iron are given as 
1.28 and 2.67, respectively [191]. By using equation 4.6 the dislocation character can be 
determined as; 
exp
1
screw
thedge screw
screw edge
th th
q q
f f
q q

  

                                       (4.6) 
where 
edgef  and 
screwf  are the fractions of edge and screw dislocations, respectively. By 
inserting the theoretical and experimental values of q into equation 4.6, the fractions of 
edge dislocations are determined to be 0.41±0.06 for the as-received sample; and 
0.65±0.06 for the as-shocked sample showing an increase in fraction of edge dislocations 
from shock loading. Tang and Marian [192] studied the effect of high strain rate loading 
on single crystal iron by using dislocation dynamics simulations. At low temperatures, the 
mobility of edge dislocations is 2-3 times higher than that of screw dislocations resulting 
in plastic flow occurring mainly by screw dislocations.  On the other hand, at higher 
temperatures and varying strain rates, it was discovered that edge dislocations move 
slower and plastic flow occurs mainly by entanglement of edge dislocations. They also 
reported that the fraction of the screw dislocations asymptotically converges to a rate-
independent but temperature dependent value, feq. Consequently, feq values at 100, 300, 
and 600 K are calculated as 0.95, 0.73, and 0.55. These calculations show that with the 
increase in temperature, the mobility of screw dislocations increases. Therefore, the 
contribution of edge dislocations to the plastic deformation increases. Adiabatic heating 
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during shock loading leads to an increase in the temperature resulting in increased mobility 
of screw dislocations. Consequently, the density of screw dislocations decreases and the 
fraction of entangled edge dislocations rises. 
 
4.4.1.2 Effect of shock loading on the mechanical properties 
To understand the effect of shock loading on the mechanical properties, 
microhardness was measured. Hardness tests show that while the average hardness of the 
HT-9 sample is 246±3 HV before shock loading, it increases to 282±2 HV after shock 
loading. 
The relationship between the Vickers hardness and the yield stress, which was 
originally described by Tabor [193] with a proportionality constant of ~3 has been 
investigated extensively. Busby et al. [194] showed that the proportionality constant 
between the hardness change (ΔHv) and yield stress change (Δσy) is 3.03 for austenitic 
steels and 3.06 for ferritic steels. The yield stresses of as-received and as-shocked samples 
were measured in compression as 692±14 MPa and 842±17 MPa, respectively and 
reported in our previous study [159]. As a result, the proportionality constant between the 
hardness change and the yield stress change is derived as 2.35±0.81 which is close to the 
results previously documented in the literature within error. 
According to the Taylor’s formula [195], yield stress can be related to the square root of 
dislocation density using the following formula; 
0y M Gb                                                   (4.7) 
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where y  is the yield stress, M is Taylor factor which is ~3 for polycrystalline metals 
[195,196], G is the shear stress (86.95 GPa for HT-9 steel), b is the length of the Burger’s 
vector, 2.466 Å for the 111 {110}  slip system, ρ is the dislocation density, and α is a 
factor describing the strength of the obstacles that a moving dislocation has to overcome 
during plastic deformation. Moreover, 0  is the stress required to move a dislocation in 
the absence of other dislocations that can arise as a result of solutes, Peierls-type stresses, 
grain-size strengthening, etc.  The values of α being 0.22 and 0  being 386 MPa for HT-
9 steel are obtained experimentally from the slope and y-intersection point of yield stress 
vs. dislocation density in Ref [197]. Hence, by using the above stated parameters, the 
dislocation densities of the as-received and as-shocked samples are calculated as 
4.7±0.4x1014 m-2 and 10.4±0.8x1014 m-2, respectively. This is a rudimentary calculation 
assuming that only dislocations contribute to the hardening without considering the effect 
of lath size and second phase particles; nevertheless, the results appear reasonable and 
consistent.  
In summary, dislocation density measurements and calculations by TEM, XRD 
and hardness methods conclude the same result that dislocation density increases ~2-3 
fold after shock loading. Table 4.2 shows the compiled dislocation densities obtained by 
the above stated methods. It should be noted that while dislocation densities calculated by 
XRD and hardness methods are almost the same, dislocation density measurements from 
TEM images give lower values. The reason can simply be attributed to the 2-D imaging 
of dislocations under TEM. Dislocations lying perpendicular to the image plane are not 
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accounted into the measurements. On the other hand, XRD and hardness methods provide 
3-D information from larger sampling regions. However, the dislocation density increase 
as a result of shock loading is ~2-3 fold for all three cases.    
  
Table 4.2 Dislocation densities of the as-received and as-shocked HT-9 samples obtained 
by different methods. 
 Dislocation 
density (m-2)  
TEM  
Dislocation 
density (m-2)  
XRD 
Dislocation 
density (m-2)  
Hardness 
As-received  3.3±0.7x1014  4.7±0.4x1014  4.7±0.4x1014  
As-shocked  7.8±1.6x1014  10.3±0.6x1014 10.4±0.8x1014  
 
 
 
4.4.2 Effect of shock loading on the substructure boundaries: EBSD study 
Grain boundaries are vulnerable sites for corrosion, cracking, segregation and 
precipitation.  Since the composition and misorientation across the boundaries vary within 
a sample, grain boundary character can also play an important role during degradation 
processes [198].  In this study, the effect of shock loading on the characteristics and 
amount of the boundaries has been investigated using EBSD technique. Fig. 4.6 shows the 
distribution of phase boundary misorientations in the as-received and shock loaded HT-9 
samples. Fig. 4.6b and Fig. 4.6e indicate that primary austenite grain boundaries have the 
misorientation angle between 15° and 50° which corresponds to random grain boundaries 
(RGBs). On the other hand, the misorientation angle between the laths, within and between 
the packets generally lies between 2°-15° (Fig. 4.6a and Fig. 4.6d) and 50°-65° (Fig. 4.6c 
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and Fig. 4.6f) corresponding to low angle boundaries (LABs) and special boundaries, 
respectively.  
 
 
Figure 4.6 EBSD images of the as-received HT-9 steel showing the misorientation angles 
of (a) 2°-15° (LAB), (b) 15°-50° (RGB) and (c) 50°-65° (special boundaries); as-shocked 
HT-9 steel showing the misorientation angles of (d) 2°-15° (LAB), (e) 15°-50° (RGB) and 
(f) 50°-65° (special boundaries). 
 
 
 
Fig. 4.7 shows the misorientation angle distribution of both the as-received and as-
shocked HT-9 samples within single grains. For each condition, ~20 grains from at least 
three different regions were studied. The most obvious common feature of both conditions 
is that there is almost no boundary with a misorientation angle between 20° and 47° [199]. 
Although the fraction of the low angle grain boundaries (2°<θ<15°) and high angle grain 
boundaries between 45° and 57° remain constant after shock loading, the type of the 
boundaries having the misorientation angle of ~60° decreases by ~5-10%. The postulated 
reason for this change is discussed in detail in the following section and can simply be 
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attributed to the atomic displacements as a result of a high dislocation density at the lath 
boundaries after shock loading. 
 
 
Figure 4.7 Histogram of misorientation fraction inside single primary austenite grains for 
the as-received and as-shocked HT-9 samples. 
 
 
 
While the misorientation between the laths within the packets is primarily between 
50° and 60°, the packet boundaries generally have misorientation angles of 10°-20° and 
47°-50° as shown in Fig. 4.8. 
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Figure 4.8 Misorientation angles between the packets of (a) as-received (b) as-shocked 
HT-9 samples (       10°-20°;         47°-50°). 
 
 
 
EBSD analyses show that there are five different types of CSLBs in the 
investigated materials, namely Σ3, Σ11, Σ25b, Σ33c and Σ41c whose misorientation angles 
are tabulated in Table 4.3. The boundaries having Σ>29 are not special boundaries; 
however the deviation angle, Δθ, from the ideal conditions should be taken into account 
while determining the special boundaries. Δθ for the Σ3 can be calculated using the 
Palumbo-Aust criterion which is much more restrictive than the widely used Brandon’s 
criterion [200]. By using the Palumbo-Aust criterion that is given as 5/615o    ,   
can be calculated as 6° for Σ3. According to this calculation, the misorientation angle for 
Σ3 is 60°±6 which includes the Σ33c and Σ41c.  
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Table 4.3 CSL boundaries existing in the HT-9 as-received and as-shocked samples and 
corresponding misorientation angles.  
Σ θ (degrees) uvw 
3 60.0 111 
11 50.5 110 
25b 51.7 331 
33c 59.0 110 
41c 55.9 110 
 
 
 
Table 4.4 shows the fraction of special boundaries in the as-received and as-
shocked conditions. It should be noted that the error introduced by the OIM (orientation 
imaging microscopy) analysis of EBSD results is less than 5%. In both conditions, the 
amount of Σ3 boundaries is higher compared to the other types of boundaries which is 
expected for the martensite structures. As a result of shock loading, the amount of the 
special boundaries decreases from 45.6±2.3% to 37.6±1.9%. This is attributed to the pile 
up of dislocations at the lath boundaries (Fig. 4.2), which is the main origin of increasing 
the average deviation degree and decreasing the fraction of low-Σ boundaries. Low-Σ 
boundaries, especially Σ3 boundaries have the lowest grain boundary energy. During 
plastic deformation in one direction, the generated dislocations pile up at the boundaries 
and the grain boundary energy increases. In order to reduce the energy, atoms near the lath 
boundaries should move to lower energy sites [201]. Besides these displacements, a 
number of atoms at the boundaries are removed in order to reduce the grain boundary 
energy. After the displacements and removals, the deviation degrees are beyond the 
 88 
 
maximal deviation; therefore, CSL structures are lost. This is postulated to be the reason 
why especially the fraction of Σ3 boundaries decreases with shock deformation. It was 
also found that even though shock loading to 11 GPa results in a decrease in the amount 
of special boundaries, it does not affect the crystallographic orientation relationship 
between austenite and martensite. 
 
 
Table 4.4 CSL boundary fractions before and after shock loading. 
 As-received  As-shocked 
CSL (Σ3) (%)  40.1±2.0  32.8±1.6 
CSL (Σ11) (%)  4.4±0.2   3.6±0.2 
CSL (Σ25b) (%)  1.1±0.1 1.2±0.1  
Total # of CSL boundaries (%)  45.6±2.3   37.6±1.9   
 
 
 
4.5 Conclusions 
The microstructural changes and the mechanical response of an HT-9 steel shock 
loaded to a peak pressure of 11 GPa in the normalized and tempered condition have been 
investigated by TEM, XRD, microhardness and EBSD techniques. Results from TEM, 
XRD and microhardness methods are shown to be quite consistent and lead to the 
conclusion that a ~2-3 fold increase in dislocation density occurs as a result of shock 
loading. TEM analyses indicate that after shock loading the dislocations become entangled 
and concentrated mostly near or at the lath boundaries. Shock loading also causes local 
plastic deformation of the continuous parallel lath structure in some regions as well as an 
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overall decrease in the aspect ratio of laths due to local plastic deformation and lath 
fragmentation. XRD analyses show that the amount of edge dislocations increases from 
0.41±0.06 to 0.65±0.06 after shock loading. Moreover, the hardness is seen to increase by 
~40 HV after shock loading compared to the as-received condition. In addition, EBSD 
analyses indicate that shock loading causes a reduction in the fraction of CSL boundaries 
from 45.6±2.3% to 37.6±1.9%.  
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5. INVESTIGATION ON EFFECTS OF SHOCK LOADING ON THE 
IRRADIATION RESPONSE OF HT-9 STEEL 
 
5.1 Overview 
In this chapter, the effect of shock loading on the irradiation response of HT-9 
steels has been investigated after 600 dpa ion irradiations at 450 °C. It has been found that 
the amount of the special boundaries decreases by 7.5% in both as-received and as-
shocked samples while the as-received sample has finer and denser dislocation loops after 
irradiation. Even though the overall swelling is very low and occurs at the shallow regions 
for both samples, shock loaded sample shows slightly higher swelling. HAADF imaging 
together with EDS composition analysis shows the formation of M2X and G-phase 
precipitates. In order to understand the effect of dislocations, boundaries and precipitates 
on the irradiation response of the materials, their sink strength was calculated. The sink 
stregth of M2X precipitates is found to be very high compared to the dislocation and 
boundary sink strengths and the total sink strength is slightly lower in as-shocked sample. 
There is a high fraction of edge dislocations in the as-shocked sample which has a higher 
bias to SIAs compared to vacancies and might be another reason for slightly higher 
swelling. However, once the steady-state regime is reached, the swelling resistance of the 
samples might change depending on the sink strengths. 
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5.2 Introduction 
Next generation advanced reactors are expected to operate at extreme conditions 
such as high temperatures and neutron damages as well as corrosive environments [202]. 
HT-9 ferritic/martensitic steels are one of the best candidates for structural materials in 
nuclear applications such as first wall and blanket for fusion reactors, and the fuel cladding 
and fuel ducts for fast reactors [47,203]. Radiation induced swelling in candidate materials 
is a serious problem and therefore considerable effort has been spent to understand and 
reduce swelling under irradiation. There is a general perception that cold working or an 
increase in the dislocation density suppresses the radiation induced swelling [204,205]. 
However, it has been found that cold working might either reduce [206-208] or increase 
swelling [209,210], besides having no effect on it [211,212]. For instance, cold worked 
austenitic stainless steels irradiated at 400 °C in high flux isotope reactor exhibited 4-27 
times reduced swelling [213]. In contrast, Garner et al. showed that swelling increases in 
cold worked Fe-Cr-Ni solute free alloys at high temperatures [214]. Similarly, Dvoriashin 
et al. reported that cold worked pure iron neutron irradiated at 400 °C shows considerably 
higher swelling probably due to the shortening of transient regime [215]. On the other 
hand, increase in the dislocation density has no effect on the swelling of the He pre-
injected Fe-Cr-Ni alloys [205].  
Dislocation density and irradiation parameters have considerable impact on the 
radiation induced swelling behavior of the deformed materials. It has been shown that 
while swelling is quite high at low deformation strains, it starts to decrease with the 
increase in the plastic strain from deformation [216]. Similar to the amount of deformation 
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strain, temperature has a profound effect on void swelling. Garner et al. proposed that 
there is a critical temperature for Fe-Cr-Ni alloys beyond which cold-working has an 
opposite role on the swelling [214]. Moreover, while at low fluences swelling increases in 
cold worked high purity aluminum, high fluence neutron irradiation reduces the swelling 
at low temperatures [217].   
Shock loading is a one-dimensional plane strain deformation similar to the uniaxial 
loading if the loading is enough and the sample is thin enough [90] It creates defects, 
basically edge dislocations, and those defects move in the direction of shock wave 
propagation in the case of a planar shock wave. Moreover, the density of defects increases 
with the increase in the peak shock pressure [95]. In the previous chapter, we have shown 
that the shock loading of ~11 GPa resulted in ~2-3 fold increase in the dislocation density 
of HT-9 steels. Besides that, lath size increased slightly and the amount of special 
boundaries decreased by 5-10%. Even though previous studies investigated the effect of 
deformation on swelling based on the dislocation density, we propose that other effects 
either resulted from deformation or irradiation itself, such as boundary types and second 
phase particles, might have prominent effect on the irradiation response of the materials. 
Thus, the following study compares the irradiation effects on as-received and shock 
deformed HT-9 materials considering sink strength and bias of the pre- and post-
irradiation microstructures. 
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5.3 Experimental procedure 
HT-9 samples in both as-received and as-shocked (shocked to 11 GPa) conditions 
were irradiated by using 3.5 MeV Fe2+ ions to 600 peak dpa at 450 °C. To investigate the 
effect of irradiation on the grain boundary characteristics and orientation relationships, 
EBSD studies were conducted using an FEI Inspect FEG SEM equipped with TSL EBSD 
equipment. During scans, an acceleration voltage of 20 kV and aperture size of 50 µm 
were used. The scan rate was kept as 140 nm for all scans. TEM studies were performed 
using FEI Tecnai F30 Analytical TEM/STEM operating at 300 kV. For dislocation studies, 
two beam studies were conducted with BF TEM and STEM. Moreover, precipitates were 
visualized with HAADF imaging mode and composition mapping was obtained using 
EDS. BFTEM and HAADF imaging at an under-focus condition of ~1 µm were used for 
the swelling studies. The specimens for cross-sectional TEM were prepared by using a 
FIB lift-out technique. Prior to FIB cutting, a thin Pt layer was deposited on the sample 
surface to protect the features beneath the surface. The FIB specimen thicknesses were 
determined by using EFTEM. 
 
5.4 Results  
5.4.1 Effect of irradiation on the substructure boundaries 
EBSD technique has been utilized to investigate the effect of irradiation on the 
characteristics and amount of the boundaries in as-received and as-shocked HT-9 samples. 
Fig. 5.1 shows the distribution of boundary misorientations in the as-received and shock 
loaded samples after 600 dpa irradiation. Similar to the unirradiated conditions in Chapter 
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4, Fig. 5.1b and Fig. 5.1e indicate that primary austenite grain boundaries have the 
misorientation angle between 15° and 50° (RGBs). On the other hand, the misorientation 
angle between the laths, within and between the packets lies between 2°-15° (Fig. 5.1a 
and Fig. 5.1d) and 50°-65° (Fig. 5.1c and Fig. 5.1f) corresponding to LABs and special 
boundaries, respectively. 
 
 
Figure 5.1 EBSD images of the as-received HT-9 steel showing the misorientation angles 
of (a) 2°-15° (LAB), (b) 15°-50° (RGB) and (c) 50°-65° (special boundaries); as-shocked 
HT-9 steel showing the misorientation angles of (d) 2°-15° (LAB), (e) 15°-50° (RGB) and 
(f) 50°-65° (special boundaries) after irradiation to 600 dpa. 
 
 
Fig. 5.2 compares the misorientation angle distribution within single grains of both 
as-received and as-shocked HT-9 samples before and after irradiation. Even though there 
is almost no boundary having misorientation angle of 20°-47° before irradiation, the 
number of boundaries at this interval increases after 600 dpa irradiations. This can be 
attributed to the sink efficiency of the grain boundaries and misorientation angle changes 
as a result of defect pile-up at the boundaries. After irradiations, while total amount of the 
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low angle and high angle boundaries remains the same for both as-received and as-
shocked samples, amount of the boundaries with misorientation angle of ~60º decreases 
by ~5% in the case of as-received sample.  
 
 
Figure 5.2 Misorientation angle distribution of as-received and as-shocked samples (a) 
before irradiation (b) after 600 dpa irradiation. 
 
 
 
Table 5.1 shows the fraction of CSL boundaries in the as-received and as-shocked 
conditions before and after irradiation. It is obvious that the amount of special boundaries 
decreased by ~7.5% for both cases, with still higher amount in as-received sample. 
Moreover, after irradiation of shock loaded sample, special boundary of Σ13b having a 
misorintation angle of 27.8° appeared. It was also found that after irradiation, the 
crystallographic orientation relationship between austenite and martensite does not 
change. 
 
 96 
 
Table 5.1 CSL boundary fractions of as-received and as-shocked samples before and after 
irradiation. 
 Before irradiation After irradiation 
 As-received  As-shocked As-received As-shocked 
CSL (Σ3) (%)  40.1±2.0  32.8±1.6 32.8±1.6 25.3±1.3 
CSL (Σ11) (%)  4.4±0.2   3.6±0.2 4.0±0.2 3.0±0.2 
CSL (Σ13b) 
(%)  
--- --- --- 1.0±0.1 
CSL (Σ25b) 
(%)  
1.1±0.1 1.2±0.1  1.3±0.1 0.8±0.1 
Total # of CSL 
boundaries (%)  
45.6±2.3   37.6±1.9   38.1±2.0 30.1±1.5 
 
 
 
5.4.2 Effect of irradiation on microstructure 
Two beam studies were performed under the same kinematic conditions (g=(110)) 
using BF STEM as shown in Fig. 5.3. The continuous dislocations before irradiations in 
as-received condition is kept while the dislocations are mostly entangled in as-shocked 
sample. Moreover, even though a quantitative analysis was not conducted, knowing that 
the thickness of the foils are almost the same, dislocation loop size is finer while the 
density is higher in as-received samples.  
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Figure 5.3 Bright field STEM images of (a) as-received (b) as-shocked conditions after 
600 dpa irradiation along g=(110) direction. 
 
 
Fig. 5.4 shows the microstructure of the as-received and as-shocked samples after 
600 dpa irradiation. The distribution of voids is quite inhomogenous and the voids form 
generally at the shallow depths.  
 
 
Figure 5.4 Stitched BFTEM images of (a) as-received (b) as-shocked samples irradiated 
to 600 dpa. Images were taken at ~1 µm under-focus condition.  
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Fig. 5.5 shows the depth-dependent swelling curves for as-received and as-shocked 
samples, superimposed on the SRIM-calculated dpa and injected Fe ion profiles. As seen 
in the micrographs as well, the swelling at the shallow regions is quite high compared to 
the deeper depths. This can be attributed to either defect imbalance at the shallow depths 
as reported by Shao et al., or surface effects [147]. 
If the deeper regions are magnified as shown in the inset in Fig. 5.5, it can be seen 
that the swelling in the case of as-shocked HT-9 is slightly higher than that of as-received 
HT-9 sample. It should also be noted that void formation at the regions beyond 500-600 
nm was inhibited by injected interstitials [150]. 
 
 
Figure 5.5 Swelling vs. depth profiles of the as-received and as-shocked HT-9 steels after 
600 dpa irradiations. Swelling curves were superimposed on the SRIM-calculated dpa and 
injected Fe ion profiles. 
 99 
 
5.5 Discussion 
It has been shown that the swelling is closely related with the formation of needle-
like precipitates which were reported to be M2X (M: Fe or Cr; X: C or N) type precipitates 
having hexagonal crystal structure. They have coherent interfaces along {110} planes 
which act as efficient sinks for the recombination of vacancies and interstitials, similar to 
the ODS alloys having large density of coherent precipitates [218]. It has been reported 
by many authors that irradiation induces the precipitation of M2X type precipitates 
especially in the alloys containing high amount of Cr and C [218,219]. In this study, we 
also observed the formation of needle-like precipitates as shown by arrows in Fig. 5.6. 
 
 
Figure 5.6 HAADF images of (a) as-received (b) as-shocked samples after 600 dpa 
irradiation. Arrows show the needle-like precipitate formation as a result of irradiation. 
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To investigate their composition, EDS mapping was performed on both samples 
as in Fig. 5.7. Large precipitates at the grain boundaries are rich in Cr, Mo, V and C which 
can be identified as M23C6 type carbides. Moreover, needle-like precipitates are rich in Cr, 
Fe and C which is consistent with the composition of (Fe,Cr)2C precipitates. The number 
densities of those precipitates were measured as 1.4±0.6 x 1021 m-3 and 1.1±0.7 x 1021 m-
3 for as-received and as-shocked samples, respectively. Together with M2X type 
precipitates, irradiations resulted in the formation of Si-W-Ni rich precipitates which are 
small in size and distributed mostly inside the (sub)grains. Those are either G-phase or 
M6C precipitates. G-phase has the ideal composition of M6Ni16Si7 and M can be a 
transition element such as Ti, Mn, Cr, Zr, V, W, Ta, Hf, or Hb [220]. Moreover, M6C is a 
carbide where M is Si, Mo, Ti, Cr, Mn, Fe, Ni, V, Co and W depending on the composition 
of the alloys [220,221]. It is quite difficult to determine if those particles are G-phase or 
M6C as EDS is not accurate on detection of low-z atoms and contamination on the sample 
might result in inaccurate signal detection. Moreover, it is not quite possible to distinguish 
them using diffraction methods as their lattice constants are very close (1.12 nm for G-
phase and 1.08 nm for M6C) [23]. Therefore, as Anderoglu et al. speculated [23], we will 
assume that those particles are almost the same except their carbon content. Therefore, we 
will name those precipitates as G-phase throughout this chapter. The densities of those 
precipitates were determined as 2.5±0.2 x 1021 m-3 and 2.3±0.8 x 1021 m-3 for as-received 
and as-shocked samples, respectively.  
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Figure 5.7 STEM EDS mapping of (a) as-received (b) as-shocked HT-9 samples irradiated 
to 600 dpa. 
 102 
 
Even though before irradiation the dislocation density of as-shocked sample is ~2-
3 fold higher compared to the as-received condition, swelling of the as-shocked sample 
seems to be slightly higher than that of as-received condition. Therefore, dislocation 
density is not the only factor effecting the swelling resistance. In order to understand the 
effect of dislocations together with irradiation induced precipitates and substructure 
boundaries, their sink strengths have been calculated assuming all the boundary types and 
dislocation types have the same sink efficiency. The sink strength, k2, of the spherical-
shaped G-phase particles is denoted as 
,
2 4
p G ph p p
k R N

  where Rp and Np are the average 
size and number fraction of the precipitates, respectively. For needle-like M2X 
precipitates, sink strength is defined as 
2
2 1/2
, 4 (0.3 )p M X pk N A  where A is the surface 
area of the precipitates and it is defined as 
1
n
i i
i
A d l

  (n is the number of precipitates, di 
and li are the width and length of the precipitates, respectively). Moreover, sink strength 
for dislocations is defined as 2
d dk Z  where d  is dislocation density and Z is the 
constant showing the efficiency of the interaction of dislocations with point defects and is 
determined to be ~1.02 [222]. Sink strength of the boundaries is represented as 
2
2
2
3
bk
d

  
where d is the average (sub)grain (lath) size. The calculated sink strengths for both samples 
were tabulated in Table 5.2. It is obvious that the sink strength of the M2X type precipitates 
is much higher compared to the others. Therefore, even though the dislocation density is 
higher in shock loaded sample, overall sink strength in the as-received sample is larger.  
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Table 5.2 Calculated sink strengths of G-phase, M2X, dislocations and boundaries together 
with total sink strength in as-received and as-shocked HT-9 samples. 
 
,
2
p G ph
k

 (m-2) 
2
2
,p M Xk  (m
-2) 
2
dk  (m
-2) 2bk  (m
-2) 2totalk  (m
-2) 
As-received 7.0x1014 38.5x1014 4.8x1014 0.6x1014 50.9x1014 
As-shocked 5.5x1014 30.3x1014 10.6x1014 0.4x1014 46.8x1014 
 
 
 
Above stated discussion on boundaries assumes that all the boundaries have the 
same sink strength efficiency or bias. However, different boundaries have different 
characteristics. For instance, special boundaries are more ordered and have less energy. 
King et al. has shown that the very low angle boundaries between 0° and 3° have higher 
sink efficiency and larger denuded zones compared to Σ3 boundaries. Similarly, 
Demkowicz et al. reported that the existence of high fraction Σ3 twin boundaries does not 
improve the swelling resistance in Cu which was He implanted at room temperature [223]. 
Thus, above stated assumption that all the lath boundaries have the same sink strength is 
legitimate. Even though the amount of special boundaries does not affect the swelling 
resistance, they affect the radiation induced segregation/depletion (RIS/RID) behavior of 
the materials. It has been reported that the RID of Cr increases with increase in 
misorientation angle while low sigma special boundaries suppress this behavior [224].   
 Edge and screw dislocations have different sink efficiencies in contrast to the 
above stated assumption while calculating the sink strengths. Sivak et al. has shown that 
the sink strength efficiency of edge dislocations is higher than that of screw dislocations 
for SIAs [225]. On the other hand, both type of dislocations have equal efficiencies for 
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vacancies. As reported in the previous chapter, the fractions of edge dislocations are 
0.41±0.06 for the as-received sample; and 0.65±0.06 for the as-shocked sample. Since the 
fraction of edge dislocations is higher in shock loaded sample, the fraction of SIAs 
annihilated at the dislocations will be higher compared to the vacancies. This might lead 
to the easy clustering of vacancies and formation of voids. Thus, together with slightly 
lower sink strength, high fraction of edge dislocations might be the reason for slightly 
higher swelling in shock loaded samples.  
It should be noted that swelling is still in transient regime even at 600 peak dpa 
irradiations. At their steady state swelling regime, swelling resistance of as-received and 
as-shocked samples might change as their sink strength will change due to a possible 
change in the size and density of irradiation induced precipitates and an additional sink by 
high density voids. 
 
5.6 Conclusions  
In this study, the effect of shock loading on the irradiation response of the HT-9 
steels has been investigated. It has been found that while total amount of the low angle 
and high angle boundaries remains the same for both as-received and as-shocked samples, 
the amount of boundaries with the misorientation angle of ~60° decreases by ~5% in the 
case of as-received sample. Moreover, the amount of special boundaries decreased by 
~7.5% for both cases and as-received sample has still higher amount of special boundaries. 
Two beam studies infer that dislocation loop size is finer while the density is higher in as-
received samples. Moreover, swelling studies indicates that the distribution of voids is 
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quite nonhomogenous and the voids form generally at the shallow depths. There is no 
voids observed at the deeper regions beyond 500-600 nm and the swelling at the depth of 
300-600 nm is very low indicating that the swelling is still in the transition regime. At this 
depth, swelling of as-shocked sample is slightly higher. It has been found that irradiation 
results in the formation of M2X and G-phase precipitates. The sink stregth of M2X 
precipitates is very high compared to the dislocation and boundary sink strengths and the 
total sink strength is slightly lower in as-shocked sample. High fraction edge dislocations 
in as-shocked sample which has higher bias to SIAs compared to vacancies might be 
another reason for slightly higher swelling. However, once the steady-state regime is 
reached, the swelling resistance of the samples might change depending on the sink 
strengths.   
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6. EFFECT OF TUBE PROCESSING METHODS ON THE TEXTURE AND 
GRAIN BOUNDARY CHARACTERISTICS OF 14YWT NANOSTRUCTURED 
FERRITIC ALLOYS‡ 
 
6.1 Overview 
Texture and microstructure of tubes and plates fabricated from a nanostructured 
ferritic alloy (14YWT), produced either by spray forming followed by hydrostatic 
extrusion (Process I) or hot extrusion and cross-rolling a plate followed by hydrostatic 
tube extrusion (Process II) have been characterized in terms of their effects on texture and 
grain boundary character. Hydrostatic extrusion results in a combination of plane strain 
and shear deformations which generate low intensity α- and γ-fiber components of 
{001}<110> and {111}<110> together with a weak ζ-fiber component of {011}<211> 
and {011}<011>. In contrast, multi-step plane strain deformation by hot extrusion and 
cross-rolling of the plate leads to a strong texture component of {001}<110> together with 
a weaker {111}<112> component. Although the total strains are similar, shear dominated 
deformation leads to much lower texture indexes compared to plane strain deformations. 
Further, the texture intensity decreases after hydrostatic extrusion of the alloy plate formed 
by plane strain deformation, due to a lower number of activated slip systems during shear 
dominated deformation. Notably, hot extruded and cross-rolled plane strain plate 
                                                 
‡ Reprinted with permission from “Effect of tube processing methods on the texture and 
grain boundary characteristics of 14YWT nanostructured ferritic alloys” by E. Aydogan, 
S. Pal, O. Anderoglu, S.A. Maloy, S.C. Vogel, et al., 2016, Materials Science and 
Engineering A, 661, 222-232, Copyright 2016 by Elsevier. 
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deformation to ~50% engineering strain creates only a modest population of low angle 
grain boundaries (LABs), compared to the much larger population observed following the 
combination of plane strain and shear deformation of ~44% engineering strain resulting 
from subsequent hydrostatic extrusion.  
 
6.2 Introduction 
NFAs are leading candidates for structural components in nuclear reactors due to 
their exceptional irradiation tolerance, high strength and resistance to oxidation/corrosion 
under extreme conditions of temperature and stress [19,49,226-229]. There has been 
substantial progress on optimizing the production of larger heats of NFAs consolidated by 
hot extrusion (HE), and in some cases, hot isostatic pressing (HIP) [230]. Recently, an 
NFA with an approximately uniformly distributed population, ~7x1023/m3, of ~2.5 nm Y-
Ti-O rich nano-oxides has been developed by Los Alamos National Laboratory (LANL), 
Oak Ridge National Laboratory (ORNL) and University of California Santa Barbara 
(UCSB) in collaboration [231]. The presence of coarsening resistant of nano-oxides along 
with predominantly fine grain size (<1 μm) and high dislocation densities imbue NFAs 
with higher strength and remarkable thermal stability compared to conventional ODS 
alloys. Moreover, the nano-oxides help to recombine displacement damage and trap 
neutron irradiation transmutation product, He, in extremely small bubbles, thereby 
supressing void swelling and grain boundary embrittlement [19,49-51].  
Although significant progress has been made, some major issues associated with 
HE of NFAs include: severe texturing (the distribution of grain orientations) as well as 
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anisotropic microstructures and properties; and, bimodal grain size distributions [232-
240]. The primary detrimental consequences of these characteristics include low fracture 
toughness and low creep strength in directions parallel to, and transverse to the HE axis, 
respectively [227,230,233,240-243]. Additional deformation processing steps to improve 
properties and/or fabricate shapes are also severely impacted by these characteristics of 
the HE condition. For example, HE cross-rolled plates develop microcracks [244] and 
deformation processed tubes experience radial through-wall cracks [245]. Extensive 
research in Japan and France have identified semi-optimized processing paths for tubing 
that differ in detail, but in both cases involve a series of cold-pilgering steps to reduce the 
wall thickness, with intermediate and final heat treatment softening schedules 
[228,246,247]. This general processing path has been most successful with lower 9 Cr 
transformable (γ -> α/martensite) steels [230], but 14YWT ferritic stainless nano-oxide 
strengthened alloys remain difficult to process into thin-walled tubing. 
Recent studies have suggested that material with low ductility can effectively be 
processed to a near net shape using hydrostatic extrusion. It can also produce the final 
product with enhanced and more isotropic mechanical properties, as well as high powder 
consolidation densities [248-250]. For example, a recent review [251], and related 
research on hydrostatically extruded NiAl [252], revealed improved properties and 
beneficial changes in texture [253] due to the shear dominated stress state generated in 
hydrostatic extrusion. One hydrostatic extrusion path uses a high-pressure fluid in a die 
chamber to impose compressive stresses that lower ram pressures and temperatures, 
resulting in better formability and surface finishes [251-254].  
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In this chapter, the effects of different processing routes on texture and grain boundary 
characteristics of as processed 14YWT NFA tubes have been investigated using neutron 
and electron diffraction techniques. 
 
6.3 Experimental procedure 
In order to understand the effects of different processing methods on the resulting 
texture and grain boundary characteristics, 14YWT tubes were produced by two different 
initial routes followed by a novel hydrostatic extrusion process to produce tubes that were 
processed to full density. Process I utilizes the initial processing method of thermal 
spraying while Process II uses a conventional mechanical alloying method followed by 
hot extrusion. Fig. 6.1 shows that Process I is the combination of gas atomization reaction 
synthesis of Fe-based NFA precursor powders, deposited by high velocity oxy-fuel 
(HVOF) thermal spray methods on tubular pre-forms, followed by hydrostatic extrusion 
to process the tube to final dimensions. A “mother tube” was manufactured through HVOF 
deposition on an Al mandrel with Fe-based NFA precursor powders (20-53μm dia.). The 
fugitive Al mandrel was removed from the deposit section with a phosphoric acid etching 
treatment and initial machining was performed to remove the interior (~250μm) layer of 
intermetallic phase (FeAl or Fe3Al) that appeared to form during the deposition process. 
The samples were then heat treated at 1000 °C for 5hr under vacuum following thermal 
spray deposition to promote the oxygen exchange reaction and Y-Ti-O dispersoid 
formation within the coating. Finally, hydrostatic extrusion was applied two times with a 
 110 
 
4:1 area reduction (~44% engineering strain) at 815 °C by using a solid support mandrel 
plus external can to create a beneficial stress state for extrusion.   
 
 
Figure 6.1 Processing steps of Process I 
 
 
 
The schematic for Process II is shown in Fig. 6.2. Powders were first produced by 
gas atomization method by ATI Powder Metals Laboratory (Pittsburgh, PA). After 
atomization, the Y phase separates and requires ball milling to create a more homogenous 
chemistry. So, the nominal 14wt%Cr-3W-0.35Ti-0.25Y iron alloy powder was ball milled 
by Zoz, GmbH (Wenden, Germany) with the addition of FeO powder for 40 h in a 
CM100b attritor mill. The powders were sealed in cans backfilled with Ar to remove any 
atmosphere contamination and degassed at 400 °C. The canned powders were then hot 
extruded at 850 °C to create a solid billet. After extrusion, the alloy was annealed for 1 h 
at 1000 ºC and then hot cross-rolled at 1000 °C to a ~50% of thickness reduction (50 % 
engineering strain) resulting in a final thickness of ~10 mm. The solid billet was then 
electro-discharge machined in the direction perpendicular to hot cross-rolling direction to 
produce a tube. This tube was then hydrostatically extruded at 815 °C using the same 
process described for the thermally sprayed tube. Fig. 6.3 shows the tubes with a final wall 
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thickness of 0.5 mm and outer diameters of ~8 mm and ~3.5 mm for Process I and Process 
II, respectively.  
 
 
Figure 6.2 Processing steps of Process II (RD: rolling direction, TD: transverse direction, 
ED: extrusion direction) 
 
 
Figure 6.3 Photos showing the final dimensions of the tubes produced by (a) Process I, 
and (b) Process II. 
 
 
 
Grain boundary characteristics were investigated by orientation imaging 
microscopy (OIM) while texture analysis was implemented using both OIM and neutron 
diffraction methods. OIM by EBSD using an SEM was used to examine the grain 
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boundary characteristics and texture of the plate and tubes. It should be noted that EBSD 
is limited to the grain size studies down to 60 nm [100,101]. Here, EBSD was carried out 
in an FEI Inspect FEG SEM equipped with TSL EBSD detector. All the experiments were 
performed by tilting the sample at 70° from the horizontal, at an acceleration voltage of 
20 kV and aperture size of 50 µm. The sizes of the scanned regions was either 60µmx90µm 
or 240µmx320µm, where the step size for the data collection was chosen based on the 
grain and substructure dimensions. Samples for the EBSD scans were obtained from the 
tube and plate faces that were prepared to achieve very smooth surfaces by standard 
metallographic techniques followed by jet electropolishing using a solution of perchloric 
acid (5%) and methanol at -40 °C with an applied voltage of 20 V. 
Bulk texture measurements probing the grain orientation distribution function over 
the complete volume of each sample were collected on the HIPPO instrument at the pulsed 
neutron spallation source at LANSCE [103]. The samples were located ~9 m from the 
neutron moderator and diffracted neutrons were detected by 1240 3He tubes arranged on 
panels distributed over five conical rings with scattering angles ranging from 2θ = 40° to 
150°. Samples were glued on standard HIPPO holders, with their tube axis parallel to the 
holder axis, and then loaded into the robotic sample-changer. The entire ~10 mm long 
tubes were centered in a 10 mm diameter beam, thus capturing the entire sample volume. 
Diffraction patterns were collected over ~20 minutes for samples rotated around the 
vertical axis at 0, 67.5 and 90 degrees. The diffraction data was analyzed by simultaneous 
Rietveld analysis of 135 diffraction patterns using the E-WIMV texture algorithm with a 
10 degree resolution of the orientation distribution function.  
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Orientation distribution function (ODF) analysis and pole figure plotting for both 
electron and neutron texture measurements was performed using the MTEX package 
[255]. The EBSD data was analyzed using the TSL OIM Analysis 7 software. 
 
6.4 Results 
6.4.1 Tube processing by Process I  
The only deformation that occurs in consolidation by Process I is by hydrostatic 
extrusion and the corresponding microstructures isolate the unique effects of this 
processing path. Fig. 6.4a shows the orientation distribution of the grains obtained by the 
OIM analysis of the 14YWT sample produced by Process I. Even though the physical 
extrusion direction is shown in a diagonal direction in the map, the coordinates of the map 
have been rotated in such a way that the extrusion direction is into the page in order to 
determine the grain orientations in the extrusion direction. Consequently, predominantly 
existing green color infers that most of the grains are oriented with a (101) plane normal 
that is parallel to the extrusion direction. The band contrast map in Fig. 6.4b together with 
Fig. 6.4c show that Process I results in wide grain area fraction distribution as a function 
of size. However, there are many more small grains that yield a corresponding average 
diameter of ~2µm.  Fig. 6.4d shows that hydrostatic extrusion results in a large fraction 
(~53%) of low angle boundaries (LABs) with misorientation angles between 2°<θ<15°. 
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Figure 6.4 An OIM showing (a) the crystallographic orientation of the grains; (b) the 
corresponding band contrast gray scale map of the grain structure; (c) the grain area 
distribution as a function of the grain size; and, (d) the grain boundary misorientation angle 
distribution in 14YWT samples produced by Process I.  
 
 
 
Fig. 6.5 shows the pole figures of the sample produced by Process I as determined 
by both neutron diffraction (Fig. 6.5a) and EBSD (Fig. 6.5b). Even though data processing 
functions and probed sample volumes are greatly different for neutron diffraction and 
EBSD, both produce similar pole figures with only a slight difference in the texture 
intensity. From the pole figures it is obvious that the hydrostatic extrusion to 44% strain 
produces a typical α-fiber texture <110>ǁED, generally common to deformation processed 
ferritic alloys [48,256]. 
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Figure 6.5 Pole figures of 14YWT samples produced by Process I and obtained by (a) 
Neutron diffraction and (b) EBSD techniques. (ED: extrusion direction) 
 
 
 
The ideal orientations of texture components in bcc materials are shown 
schematically for φ2 = 0° and 45° ODF sections in Fig. 6.6 and Table 6.1 [257]. As noted 
previously, for bcc steels the important fiber textures are the α-fiber (<110>ǁRD), ε-fiber 
(<011>ǁTD), γ-fiber (<111>ǁND), η-fiber (<100>ǁRD), θ-fiber (<001>ǁND), and ζ-fiber 
(<011>ǁND) [258,259] where RD, TD and ND stand for rolling direction, transverse 
direction and normal direction, respectively. It should be noted that ‘RD’ will be replaced 
by ‘ED’ throughout the paper. 
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Figure 6.6 Schematic illustration of the important texture components in bcc materials 
(Reproduced from Ref [257]). 
 
 
 
Table 6.1 Important fiber textures and orientations for bcc materials [257]. 
Fiber name Fiber axis Components 
α <110>ǁRD {001}<110>,{112}<110>, 
{111}<110> 
ε <011>ǁTD {001}<110>,{112}<111>, 
{111}<112>,{011}<100> 
γ <111>ǁND {111}<110>,{111}<112> 
η <100>ǁRD {001}<100>,{011}<100> 
θ <001>ǁND {001}<100>,{001}<110> 
ζ <011>ǁND {011}<100>,{011}<211>, 
{011}<111>,{011}<011> 
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Although EBSD might not give fully representative results because of its limited 
probed volume, Fig. 6.5 confirms that the probed area on the tube surface using OIM 
analysis represents the bulk texture obtained by neutron diffraction well. However, there 
might be a texture gradient through the thickness of the tube wall. In order to further 
examine and represent the bulk texture, detailed analyses of ODF plots and inverse pole 
figures were obtained using the neutron diffraction method. It is worthwhile to point out 
that while neutron diffraction probes a much larger volume than OIM, all spatial 
information is lost. Hence, while the detailed texture analyses were employed using 
neutron diffraction, only OIM can provide grain misorientation angles and orientation 
maps. 
Fig. 6.7 shows the neutron diffraction resulted ODF maps for the 14YWT sample 
produced by Process I at constant φ2=0° and φ2=45°. Comparing these maps with Fig. 6.6 
shows that the dominant texture is α-fiber at <110> having the strongest intensity on 
{001}<110>. Furthermore, weaker γ-fiber component of {111}<110> and ζ-fiber on 
{011}<211> and {011}<011> can be observed. The overall texture index was calculated 
as 2.6 using ODF neutron diffraction data indicating a moderate texture strength relative 
to a texture index of 1 for a perfectly random texture and infinity for a single crystal.    
   
 
Figure 6.7 The neutron diffraction produced ODF, represented as sections in Euler space, 
for the 14YWT tube produced by process I at φ2 values of 0° and 45°. 
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6.4.2 Tube processing by Process II  
Fig. 6.8 shows EBSD measurements on the 14YWT intermediate tube, EDM-cut 
from the hot extruded and cross-rolled plate, with information analogous to that shown in 
Fig. 6.4 for the tube, only hydrostatically extruded in Process I. Note the tube is 
microstructurally identical to the cross-rolled plate, differing only in its geometric 
reference orientation. Since this alloy condition was characterized before the final 
hydrostatic extrusion step, as illustrated in Fig. 6.2, it is designated as being 
“intermediate”. Fig. 6.8a is an orientation distribution map. The arrows indicate the initial 
hot extrusion (ED) and the transverse cross-rolling directions (RD). The predominantly 
red color infers that most of the grains are oriented with (100) plane normal parallel to the 
tube wall thickness. Fig. 6.8b, Fig. 6.8c and Fig. 6.8d show that the intermediate tube has 
a tri-modal grain size distribution and fewer LABs (~32%) compared to the tube produced 
by Process I (53%). 
Since the intermediate tube was cut from the cross-rolled plate, coordinates of the 
plate were transformed into the tube coordinates as shown in Fig. 6.9. There is a common 
extrusion direction (ED) for the plate and tube. Radial wall thickness directions of the tube 
are designated ThD and directions corresponding to the normal and rolling directions are 
designated as ThND and ThRD, respectively. However, the tube surface ED is only 
parallel to that for the plate surface at 0° and 180° around the circumference, while it is 
parallel to the plate sides at 90° and 270°.    
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Figure 6.8 EBSD characterization of the intermediate tube alloy condition showing (a) an 
orientation map of the crystallographic distribution of the grains; (b) a band contrast map 
of the grain structure in gray scale; (c) the grain area distribution as a function of size; and, 
(d) the grain boundary misorientation angle distribution.  
 
 
 
 
Figure 6.9 Coordinate system of the intermediate tube transformed from the plate form. 
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Fig. 6.10 shows the pole figures of the intermediate tube determined by both 
neutron diffraction (Fig. 6.10a) and EBSD (Fig. 6.10b) at 0° (or 180°). The pole figures 
calculated by both methods are again similar, with slight intensity differences is observed. 
Based on the coordinate system defined above, pole figures indicate that the intermediate 
tube has texture of both <110>ǁThRD and <200>ǁThND. Moreover, as it must, the 
intermediate tube RD shares the <110> α-fiber texture with the cross-rolled plate. As 
discussed elsewhere [245], (100)-type planes lie parallel to the plate faces as well as to the 
tube surface at 0° and 180°, while they are normal to the tube surface at 90° and 270° as 
illustrated in Fig. 6.9.  The {001}<110> system is oriented for brittle cleavage fracture 
leading to microcracking in the plate [245] and radial tubing cracks, especially at 90° and 
270°. The intermediate tube has a strong neutron diffraction texture index of 10.1. 
 
 
Figure 6.10 Pole figures of intermediate 14YWT tube obtained by (a) Neutron diffraction, 
and (b) EBSD techniques. 
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Fig. 6.11 shows the sections of the neutron diffraction resulted ODF maps in Euler 
space for the intermediate 14YWT tube at constant φ2=0° and φ2=45°. When compared 
with Fig. 6.6, it can be seen that intermediate tube has strong θ- and ε-fiber on {001}<110> 
together with a weak γ-fiber on {111}<112>. It should be noted that the main deformation 
axis is considered as the axis for all tubes, which is the extrusion direction. However, as 
shown in Fig. 6.10, intermediate tube has a stronger texture in rolling direction through 
the wall thickness (at 90° and 270°), which is transverse to the extrusion direction. Since 
the rolling direction was taken as the transverse direction during ODF calculations, the 
corresponding plots of the intermediate tube by reference frame definition exhibit θ- and 
ε-fiber texture (<110>ǁTD) rather than α fiber (<110>ǁRD) which is a typical texture for 
ferritic steels, as found in the plate. Again, the actual microstructures are identical in both 
cases.   
 
 
Figure 6.11 ODF, represented as sections through Euler space, of the intermediate 14YWT 
tube at constant φ2 values of 0° and 45°. 
 
 
 
Fig. 6.12a shows the orientation map of the grains in the extracted tube after final 
hydrostatic extrusion as described in Fig. 6.2. The coordinates of the map have been 
rotated in such a way that the radial direction of the tube (normal direction-ND) points 
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through the page. Consequently, the predominantly existing red color infers that most of 
the grains are oriented with (100) plane normal parallel to the sample normal direction. 
The band contrast map in Fig. 6.12b and grain size plot in Fig. 6.12c show that very small 
and very large grains exist, suggesting a bimodal grain size distribution with an average 
grain size of ~0.5 µm. Fig. 6.12d shows that fraction of LABs increases from 32% to 46% 
after hydrostatic extrusion. 
 
 
Figure 6.12 (a) Orientation map showing the crystallographic distribution of the grains; 
(b) band contrast map showing the microstructure in gray scale; (c) grain size distribution 
plot; and, (d) grain boundary misorientation angle distribution in 14YWT final tube 
produced by Process II. 
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Fig. 6.13 shows the pole figures of the tube after hydrostatic extrusion derived by 
both neutron diffraction (Fig. 6.13a) and EBSD (Fig. 6.13b), yielding different results in 
this case. While the neutron diffraction indicates a broken fiber texture of <110>ǁED, both 
the EBSD orientation map and pole figures show a maximum texture index in <200>ǁND. 
However, the difference between the bulk texture obtained by neutron diffraction and 
surface texture determined by EBSD is the result of the position of the EBSD sample on 
the SEM stage. Since the data shows the maximum texture on <200> rather than <110>, 
the EBSD reflects a region that is aligned 45° to the extrusion direction. Since the samples 
are tubes, their orientation reference frame determines the nominal texture that must be 
considered in reaching any conclusions or in making comparisons.  
 
 
 
Figure 6.13 Pole figures of 14YWT final tube after hydrostatic extrusion obtained by (a) 
Neutron diffraction, and (b) EBSD techniques. 
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The neutron diffraction data shows that the initial processing steps of hot extrusion, 
annealing and hot cross-rolling, leads to discontinuity in the fiber texture as shown in Fig. 
6.13a. The overall texture index was calculated as 8.6 using neutron diffraction. The 
texture index decreased from 10.1 to 8.6 after hydrostatic extrusion with 25% strain in the 
intermediate tube, since the principal deformation direction is in the opposite to that for 
the hot cross-rolling. These results in combination with those observed for Process I, 
indicate that hydrostatic extrusion produces relatively weak textures.   
Fig. 6.14 shows the neutron diffraction resulted ODF maps of the 14YWT final 
tube produced by Process II at constant φ2=0° and φ2=45°. If they are compared with Fig. 
6.6, it can be seen that α-fiber has the maximum intensity on {111}<110> along with a 
weak discontinuous γ-fiber on {001}<110>. For φ2=0° there is a very weak ζ-fiber texture 
on {011}<211> and {011}<011>. 
 
 
Figure 6.14 ODF, represented as sections through Euler space, of the 14YWT final tube 
after hydrostatic extrusion at constant φ2 values of 0° and 45°. 
 
 
 
6.5 Discussion 
Large-scale deformation behavior of polycrystalline Fe is quite complex since it 
activates a number of different slip planes like {110}, {112} and {123}, and unlike fcc 
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materials, is not confined to only closed packed planes. Depending upon various factors 
like mode of deformation, processing history (strain path), composition, initial 
microstructure and orientation of the grains, deformation involves different combinations 
of these slip systems. These multiple factors also affect the dislocation substructure and 
local misorientations between sub-grains. The result is the production of a wide range of 
possible textures in the final microstructure [260]. In the present study two different large 
deformation processing methods were used to fabricate tubes. Both Process I and II create 
microstructures with a strong <110>ǁRD texture with various grain sizes.  
Rolling and extrusion are usually regarded as plane strain deformations. However, a 
gradient in the stress state exists in the through thickness of a rolled or extruded plate. 
Deformation in the near surface region, in contact with the die, is dominated by a shear 
component. The center of the plate experiences compressive stresses and deformation 
occurs under plane strain conditions [261]. In contrast, during hydrostatic extrusion of a 
thin-walled tube the outer layer is dominated by a state of compressive stress, while the 
central layer is deformed by a dominant shear stress component [262].  
It is observed that both hydrostatic extrusion and conventional hot extrusion 
processes produce a strong texture on {001}<110>; however, there are remarkable 
differences in the texture intensities. The tube produced through hydrostatic extrusion in 
Process I shows maximum texture index of 2.6, whereas the tube produced at the 
intermediate step in Process II which experienced a similar amount of deformation shows 
a much stronger texture index of 10.1. Pal et al. [245] has investigated the inverse pole 
figures of the process II produced intermediate plate before EDM cutting tubes from it as 
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well as after hydrostatically extruding the intermediate tube. The texturing found here is 
generally consistent with their study; while the textures in the plate and the hydrostatically 
extruded tube are similar in the extrusion direction, the maximum texture intensity 
changes from <100> to <111> in the tube thickness normal direction as a result of the 
hydrostatic extrusion. This rationalizes the observation that while the intermediate plate 
exhibits an extensive amount of microcracking, the hydrostatically extruded final tube 
with a texture on <111>ǁND resists such cracking in Process II [245]. Similarly, 
comparing the inverse pole figures of the hydrostatically extruded final and intermediate 
tubes shown in Fig. 6.15 reveals that while hydrostatic extrusion develops a texture of a 
mixture of <111> and <100> along the ND, <100> is more profound along the ND of the 
intermediate tube. Hot working of the bcc steels results in cold rolling textures if the 
material does not undergo any kind of ferrite to austenite transformation or complete 
recrystallization [261,263]. Since 14YWT steels are fully ferritic and do not recrystallize 
during the present hot-working conditions, the observed texture differences can be 
explained in terms of cold rolling textures. Raphanel et al. [264] predicated the cold rolling 
texture of bcc steel based on a relaxed constant modification of Taylor theory. Simulations 
by reducing ε13 and ε23 shear strain components increases the intensity of {001}<110> 
texture and produces an elongated pan-cake shaped grains, as was observed in the cross-
rolled plate and intermediate tube. Consequently, formation of high volume fraction of 
{001}<110> texture components in the intermediate tube orients the {001} plane normal 
along the tube thickness normal direction (shown in Fig. 6.15b).  
 127 
 
 
Figure 6.15 Neutron diffraction produced inverse pole figures of (a) hydrostatically 
extruded final tube in Process I, (b) intermediate tube in Process II and (c) hydrostatically 
extruded final tube in Process II.   
 
 
 
Our results show that after hydrostatic extrusion of the intermediate tube in Process 
II, the texture index is weakened from 10.1 to 8.6. Raabe et al. [265] also reported that the 
shear stress weakens the texture relative to the pre-deformed condition. This is simply 
attributed to a lower number of activated slip systems during pure shear deformation. The 
major texture component originating under simple shear deformation of a bcc steel is the 
‘Goss’ texture component {110}<001>. However, the ‘Goss’ texture component is not 
very stable, and can easily transform to the stable components of {001}<110> of α-fiber 
or {111}<110> of γ-fiber depending upon the relative strength of each fiber [265]. This is 
responsible for the origin of weak shear texture components of {111}<110> and 
{001}<110> producing a partial  <111>ǁND texture. 
The compressive part of the stress in hydrostatically extruded tubes introduces the 
common α-fiber. The nature of the deformation process is further corroborated using the 
number fraction vs. misorientation angle plots in Fig. 6.16. The hydrostatically extruded 
tubes contain large fraction of LABs indicating the association of shear deformation and 
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high amount of local reorientation [260], which in turn produces a continuous spread of 
orientation along α-fibers rather than developing a sharp texture. The effect of hydrostatic 
extrusion is more drastic when the starting material possesses a pre-existing texture (due 
to hot cross-rolling and extrusion), completely changing the texture. In this case, the 
maximum texture intensity is observed on the {111}<110> component of γ fiber due to 
the restriction of activated slip system and activation of high Taylor factor shear planes. 
Development of strong γ fiber has been reported to be good for the deep drawing ability 
of high chrome-ferritic steels [265]. It also supports the finding that the hydrostatically 
extruded final tube in Process II can be produced without cracking as reported by Pal et 
al. [245].  
 
 
Figure 6.16 Grain boundary misorientation angle distribution of three different tubes 
produced by Process I and II. 
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6.6 Conclusions 
In this study, the effect of different processing routes on texture and grain boundary 
characteristics for 14YWT NFA tubes have been investigated. Hydrostatic extrusion 
which introduces a combination of plane strain and shear deformations results in α- and 
γ-fibers on {001}<110> and {111}<110> as well as weak textures of ζ-fiber on 
{011}<211> and {011}<011>. On the other hand, hot extrusion and cross-rolling 
processes result in plane strain deformations in the case of intermediate plate and tube in 
Process II, leading to a strong texture on {001}<110> together with weak texture on 
{111}<112>. While both conventional hot extrusion and innovative hydrostatic extrusion 
produce a pronounced texture on {001}<110>, shear deformation introduced during 
hydrostatic deformation produces <111>ǁND texture component. Furthermore, 
hydrostatic extrusion results in weaker textures compared to the hot extrusion and rolling 
textures. Even though the final tube produced by Process I and the intermediate tube in 
Process II are exposed to similar amounts of deformation, the former has a texture index 
of 2.6 while the latter has a texture index of 10.1. Similarly, when the intermediate tube is 
hydrostatically extruded, its texture index decreases to 8.6. Together with a decrease in 
the texture index, α-fiber on {001}<110> weakens and γ-fiber on higher Taylor factor 
planes, {111}<110>, strengthens as a result of a reduced number of activated slip systems 
during shear deformation. Moreover, the effect of hydrostatic extrusion on the grain 
boundary characteristics is quite strong. Local reorientation during shear deformation 
results in high fractions of LABs compared to the intermediate tube produced by plane 
strain deformation. 
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7. EFFECT OF TUBE PROCESSING METHODS ON MICROSTRUCTURE, 
MECHANICAL PROPERTIES AND IRRADIATION RESPONSE OF 14YWT 
NANOSTRUCTURED FERRITIC ALLOYS 
 
7.1 Overview 
In this chapter, innovative thermal spray deposition (Process I) and conventional 
hot extrusion processing (Process II) methods have been used to produce thin walled 
tubing (~0.5 mm wall thickness) out of 14YWT (nanostructured ferritic alloy). The effects 
of processing methods on the microstructure, mechanical properties and irradiation 
response have been investigated by using SEM, TEM, micro- and nano-hardness 
techniques. Even though both processing methods yield the formation of various size Y-
Ti-O particles, the conventional hot extrusion method results in a microstructure with 
smaller NFs (Y-Ti-O particles < 5nm) with higher density. Therefore, Process II tubes 
have twice the hardness of Process I tubes. Dislocation-dislocation interactions are 
calculated to be the main hardening mechanism compared to dispersion and grain size 
strengthening mechanisms in both type of tubes. Different initial microstructures result in 
different irradiation response in these tubes. The Process II tubes have a finer, denser and 
more homogenous distribution of NFs which presumably results in at least two orders of 
magnitude less swelling. Swelling and irradiation induced hardening varies within the 
Process I tubes due to the inhomogeneity in the initial microstructure. On the other hand, 
irradiation hardening saturated at ~0.8 GPa for Process II tubes for all irradiation doses. 
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7.2 Introduction 
Next generation fission or fusion reactors will require materials that can withstand 
radiation doses of several hundreds of dpa over years or decades of service, at temperatures 
of several hundred degrees Celsius, while exposed to corrosive coolants such as 
supercritical water or liquid metal [266]. NFAs are considered to be one of the best 
candidates for structural components in advanced nuclear reactors due to their excellent 
irradiation resistance, high strength and resistance to oxidation/corrosion under extreme 
conditions of temperature and pressure [8,226,230,267-269]. The presence of the high 
density NFs having the size < 5 nm provide higher strength, better thermal stability and 
creep resistance to NFAs in comparison to conventional ODS alloys [8,232]. NFs hinder 
the recovery and creep by pinning the dislocations and grain boundaries. This results in 
fine microstructures with high density dislocations which create high sink densities and 
enhanced radiation damage resistance in NFAs [67]. Moreover, NFs are reported to serve 
as sinks for He gas, effectively trapping it in extremely small bubbles during neutron 
irradiation [9,19,49-51]. On the other hand, all the studies in the literature are limited to 
irradiations below ~150 dpa and understanding the response of microstructures to the high 
levels of radiation damage (>200 dpa) is necessary for the verification of the radiation 
tolerance of NFAs.  
Composition as well as processing methods affect the microstructure and 
mechanical properties of NFAs. Since the solubility of Y is very small in the iron matrix, 
high energy ball milling is required to force yttrium into solution. Then, during hot 
consolidation, Y-Ti-O containing NFs form [19]. To obtain the optimal size and density 
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of the NFs, the bulk concentration of oxygen must be closely controlled [231]. Ukai and 
Fujiwara [230] studied numerous processing methods and parameters in order to 
understand microstructure development. It is suggested that improved high temperature 
properties can be obtained by using the consolidation methods of hot extrusion, hot rolling 
or hot isostatic pressing combined with hot forging after mechanical alloying of powders 
[230]. Recently, Hoelzer et al. [8] achieved sub-micrometer grain size and homogeneous 
microstructure by using a processing method consisting of hot extrusion and annealing. 
The resulting 14YWT steels have stable microstructure up to 1300 ˚C with outstanding 
mechanical properties such as high temperature tensile and creep strength up to 800˚C 
[8,232]. However, these processing methods are quite time intensive and therefore 
expensive. Therefore, alternative techniques are also being investigated. 
The purpose of this study is to explore the effect of an innovative method of 
thermal spraying followed by hydrostatic extrusion on the microstructure and mechanical 
properties of 14YWT alloys compared to the conventional pre-alloying and hot extrusion 
methods. Moreover, effect of initial microstructure on the irradiation response of these 
tubes has been studied through extremely high dose ion irradiations up to 1100 dpa. 
 
7.3 Experimental procedure 
14YWT tubes were produced by two different processing routes, namely novel 
thermal spraying method of Process I and conventional hot extrusion method of Process 
II. Process I tubes were irradiated to 500 and 900 peak dpa while Process II tubes were 
irradiated to 500, 700, 900 and 1100 peak dpa at 450 °C. 
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Samples were characterized using both SEM and TEM techniques. They were 
prepared using standard metallographic techniques for characterization. Pre-irradiation 
TEM foils were prepared by mechanical polishing and jet electropolishing. A perchloric 
acid (5%) and methanol solution was used at -40 °C with an applied voltage of 20 V. The 
foils for the irradiations were jet electropolished from only one side for ~30 sec in order 
to clean the surface without having a deep dimple. After irradiation, TEM samples were 
prepared using standard FIB lift-out technique with a final cleaning step at 1 kV in an FEI 
Helios Nanolab 600 dual beam FIB instrument. The microstructure was characterized 
using an FEI Tecnai F30 TEM operating at 300kV. Average grain sizes of the tubes were 
determined using electron backscatter diffraction (EBSD) technique utilizing an FEI 
Inspect FEG SEM equipped with TSL EBSD equipment with an acceleration voltage of 
20 kV and aperture size of 50 µm. Energy-dispersive X-ray spectroscopy (EDS) was used 
to measure the composition of the precipitates in both SEM and the scanning transmission 
(STEM) modes. Data collection times for each precipitate were at least 60 s in order to be 
able to get high peak-to-background ratios. Qualitative elemental analyses were achieved 
using the FEI software TIA. Scanning transmission electron microscopy (STEM) and 
bright field (BF) imaging at an under-focus condition of 1-3 μm were used for the swelling 
studies. Energy filtered TEM (EFTEM) was performed for both the electron energy loss 
mapping and thickness measurements based on the number of electron mean free paths 
[270] with a Gatan imaging filter. Fe and Ti electron loss images were obtained using K-
peaks.   
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The effect of processing routes on the mechanical properties was investigated 
using a Struers DuraScan-70 microhardness tester with a 1 kg load. Moreover, the effect 
of irradiation-induced defects on the mechanical properties was studied by 
nanoindentation hardness measurements using a MTS Nano Indenter XP™. Tests were 
conducted in continuous stiffness mode at a constant strain rate of 0.05 s-1. Fifty 
indentations were made on the irradiated surface of each sample using a Berkovich 
indenter tip.  
 
7.4 Results and discussion 
7.4.1 Microstructural investigation and mechanical properties before irradiation 
7.4.1.1 Microstructural investigation 
Fig. 7.1a and Fig. 7.1b show the band contrast maps exhibiting a bimodal grain 
size distribution with the average sizes of 1.97±0.14 μm and 0.49±0.05μm for Process I 
and Process II tubes, respectively as reported in the previous chapter [271]. 
 
 135 
 
 
Figure 7.1 Band contrast maps showing the grain distribution for 14YWT tubes produced 
by (a) Process I and (b) Process II. 
 
 
 
Fig. 7.2 shows the second phase particle shape, size and distribution in the 14YWT 
tubes produced by Process I and Process II. The particle size can be divided into four main 
groups: large particles (>250 nm), medium size particles (50-250 nm), small size particles 
(10-50 nm) and NFs (<10 nm). Both of the tubes have large irregular shaped particles at 
the grain boundaries. In Fig. 7.2a, the tube produced by Process I has variety of different 
shaped medium and small size particles either at the grain boundaries (GBs) or inside the 
grain. In general particles at GBs are typically circular while those inside the grains have 
either rectangular or polygonal (close to circular) shapes. On the other hand, determination 
of the shape of NFs shown by arrows is not possible at this magnification. Similar to the 
Process I, Process II results in the formation of variety shaped particles either at the grain 
boundaries or inside the grains (Fig. 7.2b). While the ones at the grain boundaries are close 
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to circular or ellipsoidal, the particles inside the grains are either circular or truncated 
rectangular. The NFs shown by arrows are close to being circular shaped.   
 
 
Figure 7.2 Bright field TEM images showing the second phase particle size and 
distribution in 14YWT tubes produced by (a) Process I and (b) Process II. 
 
 
 
High-angle annular dark field (HAADF) scanning transmission electron 
microscopy (STEM), or z-contrast imaging, shows that there are second phase particles 
having different contrast inferring that they have different compositions for both Process 
I and Process II tubes shown in Fig. 7.3. The particles having bright contrast have larger 
atomic weights compared to the matrix composition while the ones in dark contrast have 
a lower atomic weight compared to the matrix. In Fig. 7.3a, it is shown that Process I 
results in bright and dark contrasted rectangular shaped particles together with polygonal 
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shaped particles. On the other hand, Process II results in either polygonal or irregular 
shaped bright and dark contrasted particles (Fig. 7.3b). 
 
 
Figure 7.3 High-angle annular dark field (HAADF) scanning transmission electron 
microscopy (STEM) image showing large, medium and small size particles in 14YWT 
tubes produced by (a) Process I and (b) Process II. 
 
 
 
Detailed composition analysis was done by SEM and STEM EDS methods. In 
order to investigate the composition of large particles having the size larger than 250 nm, 
EDS mapping was obtained using SEM. Fig. 7.4a and Fig. 7.4b show that coarse white 
particles along the grain boundaries are Ti-Al-O particles in both tubes. They are elongated 
in the direction of extrusion. Although it is not intended to have, Al contamination is 
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resulted from thermal spraying processing steps on Al mandrel and initial powder mixing 
processes for Process I and Process II, respectively.  
 
 
Figure 7.4 SEM-EDS mapping of various elements in 14YWT tubes produced by (a) 
Process I and (b) Process II. Large oxide particles are located at the grain boundaries and 
elongated in extrusion direction. 
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Compositions of the medium and small particles were determined using EDS 
analysis under TEM. In the Process I produced microstructures, dark rectangular particles 
ranging from 250 nm to 10 nm are Y-Ti-O particles having trace amount of Al as shown 
in Fig. 7.5. The amount of Al decreases with the decrease in size of the particles. On the 
other hand, their Y/Ti ratio does not change relative to the particle size as reported by 
Bhattacharyya et al. [2]; it rather fluctuates between 1.2 and 1.5. Fig. 7.6 shows that 
composition and shape of some of the dark particles in Process I tube are different. These 
are small to large size ellipsoidal or polygonal particles with compositions of Ti-Al-O. It 
should also be noted that the tables show considerable amount of C. They do not represent 
the exact amount of C as C quantification by EDS is not accurate. It rather shows the 
existence of carbon qualitatively. 
 
 
Figure 7.5 Composition analysis of 5 different dark rectangular particles having size 
ranging between 10-250 nm in Process I tube. 
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Figure 7.6 Composition analysis of ellipsoidal or polygonal dark particles having sizes 
between 10 nm and up to 1 μm in Process I tube. 
 
 
 
Fig. 7.7 shows that bright rectangular particles ranging from 250 nm to 10 nm are 
Y-Ti-O particles having trace amount of Al. Similar to the dark rectangular particles, their 
Y/Ti ratio does not change relative to the particle size. Their Y/Ti ratio fluctuates randomly 
between 0.6 and 1.4.  
HAADF images in Fig. 7.5 and Fig. 7.7 show the rectangular particles in Process 
I microstructure. Even though they have different contrasts, they are Y-Ti-O rich particles 
having maximum Y/Ti ratio of 1.5.  Similarly, Wen et al. [272] reported the different 
contrast particles and it was attributed to the remnant diffraction contrast since different 
contrast particles had same composition.  
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Figure 7.7 Composition analysis of rectangular bright particles having a size between 10-
250 nm in Process I tube. 
 
 
 
Bright polygonal particles are composed of Y-Ti-Al-O (Fig. 7.8). Initial high 
amount of Al decreases with decrease in the size of particles, similar to the other particles. 
On the other hand, large and medium size particles have trace amount of Zr while small 
size particles do not have neither Al nor Zr. The Y/Ti ratios seem to be constant ~1.2 for 
all size of particles except for the very large particles having the size as particle 1 in Fig. 
7.8.  
 
 
Figure 7.8 Composition analysis of polygonal shaped bright particles having a size ranging 
between 10 nm and up to 1 μm in Process I tube. 
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Process II tubes have particles with various compositions and sizes ranging 1-2 nm 
to 500 nm. Fig. 7.9 indicates that dark particles numbered through 1 to 5 in decreasing 
size are composed of Ti-Si-O-N. Moreover, some of them contain trace amount of Al and 
Y. Even though the particles numbered through four are deficient in Cr and rich in Si, 
Particle 5 has no Si with Cr amount larger than the matrix. It was also observed that there 
are other similar shaped dark large oxide/nitride particles having a large Si/Ti ratio. 
 
 
Figure 7.9 Composition analysis of polygonal shaped dark particles having a size ranging 
between 10-250 nm in Process II tube. 
 
 
 
The composition of bright particles is different than the dark particles. Fig. 7.10 
shows the composition of three different particles having a bright contrast. Particles 1 and 
2 having the size of 50-250 nm are aluminum oxide particles having trace amount of Ti. 
On the other hand, particle 3 having size < 50 nm is yttrium oxide with trace amount of 
Al and Ti. 
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Figure 7.10 Composition analysis of polygonal shaped bright particles having a size 
ranging between 10-250 nm in Process II tube. 
 
 
 
Composition analysis on NFs having the size less than 10 nm is quite difficult 
using EDS. Instead, energy filtered TEM (EFTEM) allows composition mapping as seen 
in Fig. 7.11. Besides giving information on the composition of the NFs, EFTEM is utilized 
to determine the size and distribution of the NFs. Figure 7.11 shows the Ti and Fe jump 
ratio maps of the microstructures produced by Process I and Process II. It indicates that 
the NFs are rich in Ti and deficient in Fe. Even though Y and O jump ratio maps are not 
shown here, NFs are determined to be Y-Ti-O containing particles. Fig. 7.11a shows that 
Process I results in Y-Ti-O NFs having relatively larger size compared to Process II in 
Fig. 7.11b. Furthermore, the Y-Ti-O particles in the resultant microstructures of Process I 
are not distributed homogenously whereas conventional mechanical alloying method in 
Process II results in relatively homogenous distribution of NFs.      
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Figure 7.11 EFTEM Ti and Fe elemental maps obtained from the tubes produced by (a) 
Process I and (b) Process II.   
 
 
 
The size of the NFs having the size less than 10 nm was measured using the 
EFTEM images. The measurements were taken from fifteen different regions and a total 
of 100 to 270 particles were included to the calculations. Fig. 7.12 shows the size 
distribution of NFs in both Process I and Process II tubes. While the number fraction of 
the particles peaks ~4 nm in the case of Process II tube, there is no particle observed below 
4.5 nm in Process I tube. The average size and density of the NFs in the Process I tube is 
measured as 7.2±1.5 nm and 2.3x1021 m-3, respectively. Moreover, the average size and 
concentration of the NFs in the Process II tube is measured as 4.2±1.5 nm and 2.0x1023 m-
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3, respectively. Table 7.1 summarizes the measured grain size, NF size, volume fraction 
and density for Process I and Process II tubes. 
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Figure 7.12 NF size (<10 nm) distribution of (a) Process I and (b) Process II alloys. 
 
 
 
Table 7.1 Summary of measured grain and NF sizes, as well as volume fraction and 
number density in 14YWT tubes produced by different processes. 
Processing 
method 
Measured grain 
size (μm) 
Average 
particle 
diameter (nm) 
Volume 
fraction of 
particles (%) 
Number 
density of 
particles (m-3) 
Process I  1.97±0.14 7.2±1.5 0.05±0.01 2.3x1021 
Process II 0.49±0.05 4.2±1.5 1.13±0.13 1.5x1023 
 
 
 
Process I, consisting of cold spraying followed by hydrostatic extrusion, results in 
the formation of Y-Ti-O NFs even though it does not contain the ball milling step for the 
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dissolution of Y. However, the average size of the NFs is much larger and the density of 
NFs is extremely low compared to the NFs formed by Process II. Cunningham et al. [231] 
reported that the bulk oxygen content of the alloy is quite important for the size and density 
of the NFs. They showed that low oxygen content leads to few and coarse NFs. In this 
study, even though the oxygen amount in the initial powders was aimed to be the same for 
both processes, either it actually is lower in Process I or entropy of the system is not high 
enough to create high density NFs in Process I. 
 
7.4.1.2 Mechanical properties 
Effect of processing routes on the mechanical properties was investigated by 
microhardness measurements at room temperature. While the average hardness of the 
Process I tube is 190.9±5.7 HV, Process II tube has twice the hardness of former, 
387.6±12.1 HV. The proportionality constant between Vickers hardness and the yield 
stress change has been found to be 3.06 for ferritic steels [194]. Therefore, the yield 
stresses were calculated simply by dividing the hardness to 3.06 as shown in Table 7.2. 
 
Table 7.2 Microhardness and yield stress values of the 14YWT tubes. 
Processing Method Microhardness 
(HV) 
Microhardness 
(MPa) 
Yield Stress 
(H/3.06) (MPa) 
Process I  190.9±5.7 1872±56 612±18 
Process II 387.6±12.1 3801±119 1242±39 
 
 147 
 
There are basically four strengthening components determining the yield strength 
of the 14YWT tubes, namely direct strengthening due to NFs, indirect or Hall-Petch 
strengthening due to grain size, dislocation forest strengthening and matrix strengthening.  
Dispersed barrier hardening (DBH) model is used for the hardening calculations 
as in equation 7.1. DBH model was introduced by Seeger [31] and is based on only 
geometrical considerations between dislocations and obstacles [32]. 
0.8 ( ) /d M r Gb                                                (7.1) 
M is Taylor factor which is 3.06 for NFAs [273], α(r) is a barrier strength coefficient, G 
is the shear modulus (81.07 GPa for 14YWT), b is the length of the Burgers vector, 2.48 
Å for the 111 {110}slip system [274], and λ is the mean planar center to center distance 
between NFs which is defined as in equation 7.2. 
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                                             (7.2) 
where r is the average radius and f is the volume fraction of NFs. λ can be calculated as 
~226 nm and ~26 nm for the Process I and Process II tubes, respectively. The barrier 
strength coefficient, α(r), can be defined as cos(φ/2) (φ  is the critical angle between 
dislocation lines where the pinned dislocation is about to detach from the obstacle) [275]. 
Odette et al. [19] found that there is a linear correlation between α(r) and log(r/2b) when 
r>2b: 
α(r)≈0.27log(r/2b)                                                  (7.3) 
When the barriers are impenetrable as in the case of Orowan by-pass mechanism, then 
α(r)=1. In the present work, α(r) is calculated as 0.23 and 0.17 for Process I and Process 
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II tubes, respectively. It has been reported that particles are soft obstacles when α(r) is in 
the range of 0.05 and 0.3 meaning that dislocation bowing produces φ larger than 0º. This 
argument is plausible for the NFs having 2-3 nm size (with mostly coherent interfaces). 
The reason of ‘softness’ is either easy shearing of the particles or dipole interactions 
between bowed dislocations [19]. Consequently, DBH method results in the direct 
strengthening of 50.4±26.2 MPa and 315.6±99.2 MPa for the tubes produced by Process 
I and Process II, respectively. 
Hall-Petch strengthening is crucial for fine grained materials and it can be 
represented by the following equation: 
1/2
i HPk d
                                                   (7.4) 
where kHP is Hall-Petch parameter and it can be obtained by the slope of yield stress vs. 
grain size plots by analysing the 14YWT samples having different grain sizes. Although 
Schneibel et al. [276] used kHP value of 0.6 MPa√m, Kim et al. [277] obtained room 
temperature kHP value of 0.338 MPa√m from the yield stress vs grain size plots of 14YWT 
samples having different grain size reported in Ref [276]. Hall-Petch coefficient of 0.338 
MPa√m and grain sizes of 1.97±0.14 μm and 0.49±0.05 μm for Process I and Process II, 
respectively were used to calculate the indirect strengthening. As a result, indirect 
strengthening of 240.8±8.6 MPa and 482.9±24.6 MPa were obtained for the tubes 
produced by Process I and Process II, respectively.   
Dislocation forest strengthening might be another important component since 
especially the Process II tube is produced by mechanical alloying which introduces severe 
deformation to the powders. It has been reported that the dislocation density of the samples 
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can still remain high after high temperature processing because of the NFs [277]. 
Consequently, it is necessary to investigate the strengthening effect of dislocations. 
Dislocation densities were measured from TEM images taken at the same kinematic 
conditions as shown in Fig. 7.13. A line-intercept method defined in Ref [180,278] was 
used to calculate dislocation densities. The dislocation density ρ is calculated by dividing 
the total number of intercept points, N, by the total line length of the random lines Lt and 
foil thickness t [189]:  
t
N
L t
                                                            (7.5) 
 
 
 
 
Figure 7.13 TEM bright field images of (a) Process I and (b) Process II tubes along g(110) 
direction showing the distribution of dislocations. 
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Dislocation densities for Process I and Process II tubes were calculated as 
2.5±0.5x1014 m-2 and 8.2±1.6x1014 m-2, respectively. Dislocation densities were inserted 
into the formula of; 
 M Gb                                                     (7.6) 
where α is a material dependent constant reported as 0.38 for polycrystalline iron 
[279,280].  As a result, the dislocation strengthening values of 369.6±37.0 MPa and 
669.5±66.9 MPa were obtained for the tubes produced by Process I and Process II, 
respectively.  
The matrix hardening ( m ) occurs by solid solution hardening and intrinsic lattice 
resistance to slip [277]. In order to investigate the matrix hardening of 14YWT, Kim et al. 
[277] prepared a mixture of pre-alloyed Fe–14Cr–3W–0.4Ti powder without mechanical 
alloying, HIPed and annealed at 1100 ˚C for 4 h. A microstructure having a grain size of 
~0.5 mm without any NFs has been obtained. Consequently, the room temperature matrix 
strength was measured as ~255 MPa by tensile testing. 
Linear superposition method is based on the assumption that hardening 
mechanisms act independently. Even though linear superposition method is used 
extensively in the literature, it may not always be correct that the hardening mechanisms 
are correlated linearly and there is some influence among the mechanisms [277]. Besides, 
it has been reported that individual hardening mechanisms can be linearly added only 
when hardening mechanisms are completely independent [281,282]. Thus, combination 
of mechanisms might be a better approach to consider their correlation [283]. Kocks 
introduced an approach called as root mean-square (RMS) method [281,284]. This method 
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suggests that the hardening caused by individual obstacles is proportional to the square 
root of the obstacle density. Statistical calculations by Hanson and Morris have confirmed 
that RMS method works well over different density of obstacles [285]. Moreover, the 
studies in Ref [286-288] has applied RMS method successfully and it is proposed that this 
method is suitable for NFAs as they have many correlated hardening mechanisms 
[285,289]. Formulas of linear superposition and RMS approaches are given in equation 
7.7 and 7.8. 
,y ls d i m                                                     (7.7) 
2 2
, ( )y rms d i m                                               (7.8) 
Table 7.3 summarizes the individual contributions of direct, indirect, dislocation 
forest and matrix strengthening and compares the calculated yield strength values with the 
measured ones by using both linear superposition and RMS approaches. Obviously, the 
linear superposition method over estimates the experimentally determined yield stress 
values, while RMS approach gives almost the same results with the experimentally 
determined yield stress values. It should also be noted that the maximum strengthening 
occurs due to dislocation interactions for both types of tubes.  
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Table 7.3 Summary of direct, indirect, dislocation forest and matrix strengthening as well 
as a comparison between measured and calculated yield stresses by both linear 
superposition and RMS approaches.  
Processing 
method 
Direct 
strengthening 
(MPa) 
Indirect 
strengthening 
(MPa) 
Dislocation 
forest 
strengthening 
(MPa) 
Matrix 
strengthening 
(MPa) 
Process I 50.4±26.2 240.8±8.6 369.6±37.0 255 
Process II 315.6±99.2 482.9±24.6 669.5±66.9 255 
 
Calculated yield 
stress by linear 
superposition 
approach (MPa) 
Calculated yield 
stress by RMS 
approach (MPa) 
Yield stress 
calculated from 
hardness 
measurements 
(MPa) 
 
Process I 915.8±95.2 659.5±49.6 612±18  
Process II 1723.0±190.7 1248±111.4 1242±39  
 
 
 
7.4.2 Microstructural investigation and mechanical properties after irradiation 
7.4.2.1 Microstructural investigation 
Fig. 7.14 shows TEM micrographs of Process I and Process II tubes after self-ion 
irradiation up to 1100 dpa at 450 °C. It is clear that Process I tube shows much higher 
swelling compared to the Process II tubes. Fig. 7.14a shows void distribution within ~700 
nm depth below the surface. Their distribution is quite inhomogeneous which is attributed 
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to inhomogeneous distribution of NFs. Fig. 7.14b shows stitched micrographs of Process 
II tubes after 500 to 1100 dpa irradiations to show the depth distribution of voids. 
Compared to the Process I tubes, there is almost no voids visible at this magnification.  
 
 
Figure 7.14 Microstructures of (a) Process I tube after 500 and 900 dpa (b) Process II tube 
after 500, 700, 900 and 1100 dpa irradiations with Fe2+ at 450 °C. Arrows indicate the 
direction of ion beam. Images were taken at 1 µm under focus condition. 
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Higher magnification micrographs of irradiated Process II tubes in Fig. 7.15 shows 
that small bubbles mostly form at very shallow regions within ~100 nm below the surface. 
Even at 1100 peak dpa irradiation condition, the depth of the bubbles is limited to this 
shallow depths.  
 
 
Figure 7.15 BFTEM images of Process II tube after (a) 500 dpa (b) 700 dpa (c) 900 dpa 
and (d) 1100 dpa irradiations. Arrows indicate the direction of ion beam. Images were 
taken at ~3 µm under focus condition. 
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Fig. 7.16 shows the depth-dependent swelling curves for Process I and Process II 
tubes irradiated to 500 and 900 dpa and 500, 700, 900 and 1100 dpa, respectively, 
superimposed on the SRIM-calculated dpa and injected Fe ion profiles. It is obvious that 
the swelling in the Process I tube is at least two orders of magnitude higher than in Process 
II tube. In Fig. 7.16a, swelling shows large variation presumably due to the initial 
inhomogenity in the microstructure. Furthermore, the injected intestitial effect becomes 
considerable at the deeper regions especially for the high dose levels. Especially after 400 
nm depth, swelling starts to be lower in 900 peak dpa irradiated sample due to the high 
amount of injected interstitials. In Fig. 7.16b, maximum swelling occurs at the shallow 
regions and decreases to very low amounts. It should be noted that strong injected 
insterstitial effect suppresses the swelling at te deeper depths for all dpa levels. This 
suppression is a well-known phenomenon where void nucleation is strongly suppressed 
by orders of magnitude, and the post-transient swelling rate is often suppressed by a factor 
of 3 to 5 [150]. 
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Figure 7.16 Swelling vs. depth profiles of the (a) Process I tube after 500 and 900 dpa (b) 
Process II tube after 500, 700, 900 and 1100 dpa irradiations with Fe2+ at 450 °C. Note the 
difference in the scale of swelling (%). 
 
 
 
7.4.2.2 Mechanical properties 
Fig. 7.17 shows the depth dependent nanohardness for the Process I and Process II 
tubes in irradiated and unirradiated conditions. As the range of the ions is ~1.5 μm, the 
depth of investigation was limited to the shallow depths since the probed information 
comes from much deeper regions. Moreover, hardness profiles at the depth of 300-400 nm 
were considered in order to reduce the effects of surface and unirradiated regions. At the 
deeper regions, hardness of the irradiated samples decreases to the values close to the 
unirradiated condition. Nanohardness of the unirradiated Process I tube is measured as 
3.3±0.1 GPa. After irradiation, the hardness of 500 dpa and 900 dpa irradiated samples 
increased to 4.0±0.1 GPa and 4.5±0.2 GPa, respectively, shown in Fig. 7.17a. In Fig. 
7.17b, hardness of unirradiated Process II tube is measured as 5.6±0.1 GPa while the 
hardness of irradiated samples is measured as 6.4±0.1 GPa. Irradiation caused hardness 
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saturation with ~0.8 GPa of hardening in Process II tubes. Initial inhomogenous 
microstructure in Process I tube, on the other hand, resulted in hardness variations after 
irradiations. 
 
 
Figure 7.17 Hardness as a function of penetration depth for (a) Process I tube after 500 
and 900 dpa (b) Process II tube after 500, 700, 900 and 1100 dpa irradiations with Fe2+ at 
450 °C. Shaded regions between 300-400 nm depth shows the region of investigation. 
 
 
The irradiation damage observed in the microstructure of 14YWT alloys are also 
reflected in their hardness. A radiation induced hardening model which considers the 
interactions between mobile dislocations and irradiation induced defects can be used to 
calculate the change in hardness as shown in equation 7.9 [290]. Radiation-induced defects 
are basically the dislocation loops and voids or bubbles. As will be discussed in Chapter 
8, irradiations to various doses resulted in a slight decrease in the NF size together with a 
slight increase in their densities. Since changes are subtle, their contribution to the 
radiation hardening is neglected and hardening can be represented as; 
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disl void                                                  (7.9) 
disl  is the strengthening coming from irradiation-induced dislocation loops and can be 
defined based on the dispersed hardening model as [291]: 
disl M Gb dN                        (7.10) 
where N and d are the density and size of the loops, respectively. 
Second term in equation 7.9 is the strengthening resulted from the dislocation interactions 
with voids (or bubbles) and it can be described as in equation 7.10 where d and N represent 
the density and size of the voids, respectively. However, bubbles are relatively weak 
barriers and their strengthening was defined by Friedel-Kroupa-Hirsch model [292,293] 
as in equation 7.11. 
2/31
8
bubble MGbdN            (7.11)  
Fig. 7.18 shows the BF-STEM images of Process I and Process II tubes irradiated 
to various damage levels in the two beam conditions. Images were taken at the same 
kinematic conditions for all samples (g=(110)). Table 7.4 summarizes the void (bubble) 
and dislocation loop size and densities. In Process I tubes, while both loop size and density 
increase with increasing dose levels, void size increases slightly and void density 
decreases. On the other hand, in Process II tube, the trend of dislocation and bubbles are 
the reverse of Process I tube. The calculated hardening using equation 7.9 is found to be 
slightly lower than the measured values. There might be two reasons: (1) TEM visualizes 
in 2D and if the loops lie in the direction perpendicular to the surface, it might have been 
missed during measurements; (2) linear dislocation network density might have increased 
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which we are not taking into account. It should also be noted that contribution of void 
(bubble) hardening is quite small due to either low density of voids or small size of the 
bubbles.  
 
 
Figure 7.18 BF-STEM images showing dislocation loop distribution in two-beam 
condition (g=(110)) for (a) Process I tube irradiated up to 500 and 900 peak dpa doses (b) 
Process II tubes irradiated up to 500 and 1100 peak dpa dose. 
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Table 7.4 Summary of dislocation and void size and densities as well as hardening for the 
irradiated samples at various dose levels. 
 Dose Void 
(bubble) 
size (nm) 
void 
density 
(m-3) 
dislocation 
loop size 
(nm) 
dislocation 
loop density 
(m-3) 
Calculated 
hardening 
(GPa) 
Process I 
500 peak 
dpa 
63 2.5x1020 9.0 1.2x1021 0.51±0.13 
900 peak 
dpa 
76 5.2x1019 10.6 3.7x1021 0.58±0.15 
Process II 500 peak 
dpa 
2.9 3.7x1021 8.2 5.9x1021 0.54±0.14 
1100 peak 
dpa 
2.1 9.0x1021 4.8 1.7 x1022 0.65±0.16 
 
 
 
7.5 Conclusions 
14YWT tubes produced by two different processing methods, namely novel cold 
spraying and conventional hot extrusion methods, were investigated in terms of their 
microstructure and mechanical properties before and after high dose self-ion irradiations. 
Both methods lead to the formation of broad range of Y-Ti-(Al)-O particle size together 
with Ti-O, Al-O, Y-O and Ti-Si-O-N particles. Process I results in larger grain size and 
Y-Ti-O particles while Process II produces smaller grain size with NFs having the size of 
<5 nm. Furthermore, the density of the NFs is higher in the Process II tube. The yield 
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strength of the Process II tube is two times higher due to its smaller and denser NF content, 
smaller grain size and higher dislocation density. Contribution of dislocation-dislocation 
interactions to the strength is much higher compared to especially the NF strengthening.  
Irradiation response of the two tubes produced by two different methods is 
different. Process II tube shows at least two orders of magnitude less swelling compared 
to the Process I tube because of the finer, denser and more homogenous distribution of 
NFs in Process II tubes. Due to the inhomogeneity in the initial microstructure as a result 
of Process I, there is a large deviation in the depth distribution of swelling and irradiation 
hardening. On the other hand, irradiation hardening was saturated by ~0.8 GPa for Process 
II tubes for all radiation damages. Proportion of hardening resulted from dislocation void 
(or bubble) interactions is less than that of dislocations. Hardening calculations match well 
with the measured values. 
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8. STABILITY OF NANOSIZED OXIDES IN FERRITE UNDER EXTREMELY 
HIGH DOSE SELF ION IRRADIATIONS 
 
8.1 Overview 
14YWT NFAs, produced in thin-walled tubular form using conventional ball-
milling followed by hot extrusion, hot cross rolling and hydrostatic extrusion methods, 
were ion irradiated with 3.5 MeV Fe2+ up to 1100 peak dpa at 450 °C. TEM and APT 
results show that the average size of the NFs decreases slightly while their density 
increases after irradiation. This can be explained by an ‘inverse coarsening’ behavior 
which is a result of overwhelming radiation driven dissolution compared to thermal 
diffusion driven growth. On the other hand, irradiation enhanced diffusion effects make 
the reformation of the NFs possible, leading to a higher density of NFs with smaller size. 
There is no significant change in the composition of the matrix and NFs after irradiation. 
Moreover, HRTEM shows the existence of a high density coherent and semicoherent 
Y2Ti2O7 and Y2TiO5 NFs before irradiation. After irradiation, Y2Ti2O7 NFs retain their 
crystal structure but there is a slight increase in their lattice parameters. 
  
8.2 Introduction 
Advanced nuclear energy systems can improve energy creation efficiency, safety 
and reliability, but these designs require improved radiation tolerance up to 400 dpa and 
operation temperatures up to 1000 °C [2,294]. NFAs are attractive materials for 
Generation IV reactors because of their excellent high temperature strength, stability, and 
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creep resistance thanks to the high density of Y-Ti-O NFs having the size < 5 nm 
[8,229,295]. Even though APT indicates that NFs are nonstoichiometric phases with low 
O/(Y+Ti) ratio, TEM and XRD studies have shown that most of them have pyrochlore 
Y2Ti2O7 structure having Y/Ti≈1 [296-298].  
NFs can pin grain boundaries and immobilize dislocations, leading to high strength 
and superior structural stability [2,229,294,295]. Moreover, they may act as sinks for both 
point defects created from neutron damage and helium atoms created from transmutation 
[2,229,294]. Overall, NFAs are expected to have remarkable radiation tolerance, but their 
behaviors under extreme radiation conditions need to be systematically tested.  
The stability of NFs has been studied extensively under both neutron and heavy 
ion irradiations, but the majority of these previous studies were limited to relatively low 
dpa damage levels (dpa<200).  As a brief summary, Yamashita et al. reported that small 
oxides disappear under neutron irradiation in 11Cr and 13Cr alloys irradiated in the 
experimental fast reactor JOYO at 20 dpa and 450-561 °C [299]. They also found that 
nano-oxide density decreases in MA957 after neutron irradiation at 500 °C up to 100 dpa 
[300]. However, Mathon et al. reported that NFs are stable at 325 °C up to 5.5 dpa of 
neutron irradiation in MA957 [301]. Similarly, Gelles found no significant changes in 
nano-oxide distribution in MA957 irradiated in the FFTF/MOTA at 420 °C to 200 dpa 
[302]. Ribis et al. showed that the size of the nano-oxides are almost the same after neutron 
irradiation up to 75 dpa at 430 °C in the same alloy [303-305]. 9Cr and 12Cr ODS alloys 
were also reported to be stable under neutron irradiations at 330-500 °C up to 15 dpa [306]. 
Similar to the neutron irradiations, nano-oxides were found to be stable after ion 
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irradiation up to 10 dpa at 300 and 500 °C in MA957 [307,308]. At higher ion damage 
levels, the same trends were observed for 20 dpa at 200, 500 and 700 °C, for 60 dpa at 650 
°C, and for 150 dpa at 670 °C [309-311]. On the other hand, Allen et al. has shown that 
the size of the NFs decreases while their density increases at the temperatures 500-700 °C 
up to 150 dpa irradiation by Ni ions [294]. Parish et al. [312] and Certain et al. [313] 
reported that at low temperatures the NFs dissolve under heavy ion irradiations as a result 
of ballistic effects while at high temperatures either stable or slightly increased NF size is 
resulted similar to the recent findings by Lescoat et al. [314]. 
In summary, the NF stability studies cited above are not fully consistent, especially 
at high temperatures and they are limited by dpa values. The maximum ion irradiation 
damage level reported is ~150 dpa. Different from previous research, the present chapter 
is targeted to study radiation response of NFA 14YWT under extreme radiation damage 
levels up to 1100 dpa. Furthermore, the materials are extruded in tube form, in a way 
closer to their actual application as fuel cladding materials.  
 
8.3 Experimental procedure 
 14YWT tubes were produced by conventional ball-milling followed by hot 
extrusion, hot cross rolling and hydrostatic extrusion methods as explained in the previous 
chapters. Samples were irradiated at Ions and Materials Facility at Texas A&M University 
using 3.5 MeV Fe2+ ions to reach damage levels of 500, 700, 900 and 1100 peak dpa at 
450 °C. The vacuum during ion irradiations was better than 1×10-6 Torr and a 6mm×6mm 
defocused ion beam was used with 200 nA current.  
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 Fig. 8.1 shows the calculated damage profile and Fe distribution profile for 1100 
peak dpa irradiation, obtained from SRIM code [97].  The calculations used the Kinchin-
Pease mode with Fe displacement energy of 40 eV. For 3.5 MeV Fe ions, the projected Fe 
range is ~1.2 m and dpa peaks at ~1.0 m. For 1100 peak dpa irradiation, the amount of 
injected Fe atoms exceeds 10 at% at depths beyond 700 nm. Therefore, in order to avoid 
the effects from injected interstitials, structural characterization focuses on the depth 
regions from 400 to 600 nm, as shown by the shaded region in Fig. 8.1. At this depth 
interval, the concentration of injected atoms, even for 1100 peak dpa irradiations, is below 
3 at%. For this depth region, the averaged local dpa for 500, 700, 900 and 1100 dpa peak 
values are about 270, 375, 480 and 585 dpa, respectively. 
 
 
 
Figure 8.1 SRIM-calculated depth profiles of damage and implanted Fe atoms for 1100 
peak dpa irradiation in pure Fe. 
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The microstructures prior to and after irradiations were characterized by TEM and 
APT. The samples were prepared for TEM studies as described in the previous section. 
APT specimens were prepared from the electropolished foils using the FIB technique. 
Atom probe needles pre-mounted on Si stubs were sharpened via annular milling using 
decreasing voltage and beam current with final 2 kV voltage and 28 pA beam current. The 
APT experiments were conducted on a Cameca Local Electrode Atom Probe (LEAP) 
3000x HR at 50 K, using 200 kHz voltage pulse modes with a 20% voltage pulse fraction. 
3D reconstructions were performed using commercial Cameca Integrated Visualization 
and Analysis Software (IVAS) package. Maximum separation distance methods for Y, Ti, 
O, TiO and YO were used in order to identify the NFs and analyze their composition [315]. 
Mass to charge ranges were established on the time of flight spectrum to determine the 
number of individual ion types. Radius of gyration and volume of the clusters (lg) can be 
determined by using all the ranged ions. However, size calculations based on atom spatial 
measurements have large errors introduced by trajectory aberrations and oxygen atom 
diffusion on the tip. Therefore, an alternative method defined by Cunningham et al. [316] 
was used to calculate the NF size. Further, in this method, Fe and excess Cr were removed 
from the NFs as they are reported to be an APT artefact associated with trajectory 
aberrations [317-321]. This procedure may underestimate the Cr content of the features, 
but this is not expected to have a significant effect on the results. The NF size and 
composition were calculated by using the adjusted solute counts. It should be noted that 
APT reconstructions observe lower Y/Ti and O/(Ti+Y) ratios in the embedded NF oxides 
and bulk pyrochlore Y2Ti2O7, which may be partially an APT artefact or partially due to 
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a Ti-rich NO shell [317]. On the other hand, recent TEM studies have shown that those 
NFs are Y2Ti2O7 particles with Y/Ti≈1 [296,298]. 
 
8.4 Results 
8.4.1 Microstructure before irradiation  
The micrograph presented in Fig. 8.2a shows a bright-field (BF) TEM image of 
the typical microstructure of 14YWT samples containing finely distributed NFs together 
with larger particles reported to be Ti-Si-O-N rich together with trace amount of Y in the 
previous chapter. As shown in Fig. 8.2a, the density of large particles is quite low 
compared to the density of NFs. Fig. 8.2b presents the higher magnification BF TEM 
image of nanoparticles. The size and density of the NFs were determined as 2.8±0.7 nm 
and 4.3×1023 m-3, respectively. 
It has been reported by many authors that there is a relationship between NF size 
and their corresponding coherency with the matrix. Small NFs are often reported to be 
coherent, as expected, while transitioning to semicoherent or incoherent interfaces as the 
size increases [322-325]. Examples of coherent and semicoherent NFs are shown in the 
HRTEM micrographs in Fig. 8.3. While the small ~1.5 nm NF in Fig. 8.3a appears to be 
coherent, the larger ~5 nm NF in Fig. 8.3b has misfit Moiré fringes indicating 
semicoherency. 
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Figure 8.2 Distribution of particles before irradiation. (a) Low magnification BF TEM 
image showing both larger particles together with NFs (b) high magnification image 
showing the NF distribution. 
 
 
 
Figure 8.3 HRTEM images of (a) coherent small NF having the size ~1.5 nm (b) 
semicoherent larger ~5 nm NF showing misfit Moiré fringes. 
 
 
 
NFs having 2-3 nm have been investigated along both [100] and [110] zone axis 
of α-iron matrix. Fig. 8.4a and Fig 8.4b show the HR images of 2-3 nm size particles and 
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their corresponding FFTs along [100]α. Since the particles are very small, it is quite 
difficult to detect any diffraction from them. The faint diffractions, shown by red arrows, 
well match with {044} and {004} planes of Y2Ti2O7. Apparently, those two particles have 
different orientation relationships (ORs) with the matrix in such a way that 
2 2 7(002) (044)Y Ti O  for the particle in Fig. 8.4a while it is 2 2 7(002) (004)Y Ti O  for 
the particle in Fig. 8.4b. Since any other diffraction cannot be detected from the particles, 
the zone axis of the particles yet remains unknown. 
 
 
Figure 8.4 HRTEM micrographs and their corresponding FFTs along [100]α in particles 
having the OR of (a) 2 2 7(002) (044)Y Ti O  and (b) 2 2 7(002) (004)Y Ti O . 
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Fig. 8.5 also shows the existence of NFs having different orientations along [110]α. 
Fig. 8.5a shows an overview HRTEM image and corresponding FFT diagram containing 
extra diffractions other than the matrix diffractions. To be able to understand the features 
contributing to the formation of this diffractogram, investigations were done at different 
regions as labelled 1 to 3 in Fig 8.5a. Fig. 8.5b to Fig. 8.5d show the images and 
corresponding FFT diagrams from different regions in Fig. 8.5a. As shown in Fig. 8.5b, 
there are some regions where there is no particles. FFT from the region in Fig. 8.5b lacks 
the extra diffraction spots. On the other hand, Fig. 8.5c and Fig. 8.5d show two different 
regions having different particle orientations. It should be noted that the double 
diffractions in Fig. 8.5d might be resulted from the diffraction from overlapping particles 
as the thickness of the foils is at least 10 times larger than the particles. When the FFT 
diagrams from matrix and those particles are summed, the overall diffractogram in Fig. 
8.5a can be obtained.  
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Figure 8.5 (a) HRTEM micrograph of a region and its corresponding FFT diagram along 
[110]α; HRTEM images and corresponding FFTs from (b) region 1, (c) region 2, (d) 
region 3 as labelled in (a).    
 
 
At least ~20 particles were investigated and Fig. 8.6 shows the indexing of 
representative particles and their ORs with the matrix. Lattice spacings and parameters of 
particles in Fig. 8.6a and Fig 8.6b match with pyrochlore Y2Ti2O7. Fig. 8.6a shows a 
particle having an OR of 2 2 7(400) (200)Y Ti O  and 2 2 7[011] [011]Y Ti O  while Fig. 8.6b 
shows a particle having an OR of 2 2 7(011) (222)Y Ti O  and 2 2 7[011] [110]Y Ti O . On the 
other hand, the particle in Fig. 8.6c is consistent with the orthorhombic crystal structure 
of Y2TiO5. The relationship is found as 2 5(002) (210)Y TiO  and 2 5[110] [001]Y TiO . 
Furthermore, there are some particles that do not show any extra diffraction other than 
matrix as shown in Fig. 8.6d. Thus, their crystal structures remain unknown. 
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Figure 8.6 (a) HRTEM micrographs and corresponding FFT diagrams of (a) Y2Ti2O7 
particle having OR of 2 2 7(400) (200)Y Ti O  and 2 2 7[011] [011]Y Ti O ; (b) Y2Ti2O7 
particle having OR of 2 2 7(011) (222)Y Ti O  and 2 2 7[011] [110]Y Ti O ; (c) Y2TiO5 
particle having OR of 2 5(002) (210)Y TiO  and 2 5[110] [001]Y TiO ; (d) an unknown 
particle with no extra diffractions. 
 173 
 
In the literature, NFs are reported to be mostly Y2Ti2O7 and their OR is generally 
2 2 7{110} {440}Y Ti O , indicating that pyrochlore-type particles are coherent at the entire 
interface with a cube-on-cube OR [326]. However, present study reports the existence of 
variety of OR other than cube-on-cube OR. While cube-on-edge OR between Y2Ti2O7 and 
the matrix has been reported before [327,328], ORs of 2 2 7(011) (222)Y Ti O  along 
2 2 7[011] [110]Y Ti O  and 2 5(002) (210)Y TiO  along 2 5[110] [001]Y TiO  have not been 
reported. It should be noted that indexing was conducted based on the reported lattice 
parameters of the stoichiometric Y2Ti2O7 and Y2TiO5 particles. However, Hirata et al. has 
shown that those particles are quite disordered with high volume of vacancies [329]. 
Therefore, the lattice parameters of the non-stoichiometric particles might be different. 
This might have introduced some uncertainty on the indexing of some non-stoichiometric 
Y-Ti-O particles.  
Detailed NF sizes, number densities and compositions were obtained by 3D APT 
studies. For each condition 3 to 10 tips were investigated depending on the variability of 
the microstructure. For instance, the distribution of the NFs in unirradiated condition is 
less homogenous which required to investigate 10 tips. On the other hand, the samples 
irradiated at various damage levels does not show large variation, therefore, 3-4 tips were 
investigated. Each condition has average atom counts of ~4 millions. Fig. 8.7 is a 
representative APT reconstruction for the unirradiated 14YWT condition, showing a 3D 
spatial distribution of Y, Ti, O, YO and TiO ions, including the NF clusters. Note the 
oxygen distribution associated with the NFs is relatively scattered, which is an APT 
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artefact [318]. The APT reconstructions show that the NF distribution is somewhat 
nonhomogenous in the grains, but, except for a few cases, they do not appear to 
preferentially form at grain boundaries. In contrast to Y and O, Ti and W segregation 
occurs at all types of grain boundaries. The 3D grain boundary character is partially 
defined by the boundary plane and the misorientation angle between two adjacent grains. 
It is generally believed that constituent segregation and depletion are related to the grain 
boundary character [62]. The average sizes and densities of NFs are measured to be 
2.1±0.5 nm and 6.2±1.5 x1023 m-3, respectively, from APT analysis. 
Figure 8.7 APT 3D reconstruction of unirradiated 14YWT samples showing distribution 
of various elements and ions. 
The APT compositions of the matrix and NFs are given in Table 8.1. Even though 
the composition of NFs was corrected for excess Fe and Cr, they still contain a 
considerable amount of Cr. It is not possible to reliably determine if the Cr is in the NF or 
segregated in the matrix at its interface, as widely reported [330,331]. Although TEM 
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characterization shows that the small NFs are mostly Y2Ti2O7, APT characterization 
measures Y/Ti/O ratio as 13/45/42. Composition deficiency of Y and O have been reported 
by many authors and attributed to the trajectory errors of elements [316]. It should also be 
noted that the composition of the matrix is quite consistent for different tips while the 
composition of NFs show large variations from cluster to cluster. 
 
Table 8.1 Compositions (at%) of the matrix and NFs in unirradiated condition as 
determined by APT analyses. 
Element (at%) Matrix composition NF composition 
Fe 83.92±0.15 0 
O 0.13±0.01 29.86±9.43 
Cr 14.72±0.13 18.00±8.82 
Ti 0.12±0.01 38.13±6.97 
Y 0.02 11.74±4.74 
Si 0.06 0.40±0.59 
W 0.92±0.01 0.82±1.57 
Mn 0.02 0.11±0.29 
C 0.04±0.01 0.43±0.69 
Al 0.01 0.45±0.63 
Y/Ti/O - 13/45/42 
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8.4.2 Microstructures after irradiation  
BF TEM micrographs of irradiated samples at various dpa levels are shown in Fig. 
8.8. While irradiations up to 480 dpa result in almost the same oxide size and distribution, 
as shown in Fig. 8.8a to Fig. 8.8c, 585 dpa irradiation visually produces much smaller NFs 
with denser distribution, as shown in Fig. 8.8d. Both sizes and densities of NFs, obtained 
from TEM characterization are summarized in Table 8.2. TEM measurements show that 
size of the NFs decreases while their density increases, with accumulating dose at 450˚C. 
Specifically, the NF size decreases from ~2.8 nm to ~2.1 nm after the irradiations at 270, 
375 and 480 dpa irradiations and further decreases to ~1.7 nm after 585 dpa irradiations. 
The corresponding NF density increases considerably from ~4.3x1023 m-3 in the 
unirradiated condition to ~8.3x1023 m-3 in the case of 585 dpa irradiation condition. 
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Figure 8.8 TEM images of samples collected from the depth region of 400 nm to 600 nm, 
after irradiation to (a) 270 dpa (b) 375 dpa (c) 480 dpa and (d) 585 dpa at 450 °C.  
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Table 8.2 Summary of NF size and density obtained from TEM and APT 
characterizations. 
 
 
Fig. 8.9 shows HRTEM image of NFs after 480 dpa irradiation along [110] zone 
axis of the matrix. The size of the NFs is less than 5 nm and misfit Moiré fringes are not 
visible to infer the semicoherency contrary to the unirradiated case. 
 unirradiated 
270 dpa 
irradiated 
375 dpa 
irradiated 
480 dpa 
irradiated 
585 dpa 
irradiated 
Average 
size (TEM) 
2.8±0.7 2.1±0.6 2.1±0.6 2.1±0.7 1.7±0.40 
Average 
size (APT) 
2.1±0.5 1.8±0.4 - 1.7±0.3 1.7±0.30 
Number 
density 
(TEM) 
4.3±0.7x1023 6.3±1.2x1023 6.7±1.1x1023 7.3±2.4x1023 8.3±1.6x1023 
Number 
density 
(APT) 
6.2±1.5x1023 9.3±1.6 x1023 - 7.1±0.7 x1023 9.0±0.3 x1023 
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Figure 8.9 HRTEM image showing the NF distribution along [110] zone axis of the matrix 
after 480 dpa irradiation. 
HRTEM studies were performed along both [100] and [110] zone axis of α-iron 
matrix after 480 dpa irradiation. Fig. 8.10a and Fig. 8.10b show the HRTEM images of 2-
3 nm size particles and their corresponding FFTs along [100]α. Similar to the unirradiated 
case, FFT diagrams from small particles result in either no extra diffraction spots as in 
Fig. 8.10a or very weak diffractions as in Fig 8.10b. While the particle crystal structure 
cannot be determined in Fig. 8.10a, the lattice spacings and angles obtained from the FFT 
diagram in Fig. 8.10b suggests the Y2Ti2O7 particles having pyrochlore crystal structure. 
Moreover, the OR is determined as cube-on-cube in such a way that 2 2 7(002) (440)Y Ti O
, 2 2 7(110) (400)Y Ti O  along 2 2 7[001] [001]Y Ti O . 
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Figure 8.10 HRTEM micrographs and their corresponding FFTs along [100]α in particles 
(a) with unknown OR as it lacks extra diffraction spots in FFT diagram (b) having the OR 
of 2 2 7(002) (440)Y Ti O , 2 2 7(110) (400)Y Ti O  along 2 2 7[001] [001]Y Ti O .
Fig. 8.11 shows the indexing of representative particles and their ORs with the 
matrix. Similar to the unirradiated condition, lattice parameters and angles of particles in 
Fig. 8.11a and Fig. 8.11b match with pyrochlore Y2Ti2O7. Fig. 8.11a shows a particle 
having an OR of 2 2 7(004) (002)Y Ti O  along 2 2 7[110] [110]Y Ti O  while Fig. 8.11b shows 
a particle having an OR of 2 2 7(110) (222)Y Ti O  along 2 2 7[110] [110]Y Ti O . Their OR 
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before and after irradiation is the same; however, the lattice parameters of both particles 
are slightly larger compared to the unirradiated conditions. Ribis et al. suggested lattice 
parameter changes as a result of the interaction between damage cascades and nano-
particles if the particles are not at the thermodynamic equilibrium [304]. It should also be 
noted that Y2TiO5 particles were not detected among ~20 investigated particles. The 
reason might simply be attributed the low density of Y2TiO5 particles compared to 
Y2Ti2O7 particles. 
Figure 8.11 (a) HRTEM micrographs and corresponding FFT diagrams of Y2Ti2O7 
particles having OR of (a) 2 2 7(400) (200)Y Ti O  and 2 2 7[011] [011]Y Ti O ;  (b)
2 2 7(011) (222)Y Ti O  and 2 2 7[011] [110]Y Ti O . 
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Fig. 8.12a to Fig. 8.12c show the representative APT reconstructions of 270, 480 
and 585 dpa irradiated 14YWT conditions. In contrast to the particle distribution in the 
unirradiated condition, after irradiation, NFs are distributed more homogenously. The NF 
size and density tabulated in Table 8.2 are broadly similar to the TEM results in that the 
APT analyses indicate that size of the NFs decreases slightly after irradiation, while the 
density increases. While there are moderated differences at lower dpa the TEM and APT 
data are remarkably consistent following the 585 dpa irradiations. Note others also have 
reported that even if initially they are slightly refined, the oxides are stable above a certain 
damage level [294,322,332,333].  
Fig. 8.13 compares the NF size plots obtained by APT and BF TEM analyses. 
Before irradiation, NFs show a broad size distribution up to 6 nm; in contrast, the size 
distribution of NFs after irradiation becomes narrower and is limited to the sizes below 5 
nm. That is, the concentration of smaller NFs increase, while the larger NFs disappear. It 
should be noted that in general TEM gives slightly larger size and lower density compared 
to APT, likely due to a lower resolution limit. Thus it is notable that TEM studies observe 
the same size and even a higher number density in the case of the 585 dpa irradiated 
14YWT samples, but the differences are well within the estimated errors. 
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Figure 8.12 APT 3D reconstructions showing the distribution of various elements and ions 
in 14YWT samples irradiated to (a) 270 dpa (b) 480 dpa and (c) 585 dpa at 450 °C. 
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Figure 8.13 NF size distribution in unirradiated and various dose irradiated samples 
obtained by (a) APT and (b) TEM analyses. 
 
 
 
The compositions of matrix and NFs after irradiation are summarized in Table 8.3. 
Following irradiation, the Cr content of both the matrix and NFs decrease slightly, 
possibly due to segregation at the grain boundaries. The matrix Fe fraction increases due 
to the effect of injected interstitials which can reach up to ~3 at% at the depth of 400-600 
nm for 585 local dpa irradiation. Moreover, O increases slightly in NFs. However, all 
those changes are within the estimated error and there is no second phase precipitation in 
the microstructure to explain significant variations in the bulk composition. Table 8.1 
shows that NF Y/Ti/O ratio of the unirradiated sample is 13/45/42 compared to an average 
of 13/44/43 following irradiation, with Ti approximately constant while, Y and O slightly 
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change.  Thus the most important conclusion is that there is no large change in the NF 
compositions following irradiation. It should be noted that the low Y/Ti ratio might be an 
APT artefact, that can be even observed in bulk stoichiometric Y2Ti2O7. Thus the APT 
results are not inconsistent with the TEM analysis showing that the crystal structure of 
small NFs below 5 nm are cubic pyrochlore Y2Ti2O7 complex oxides before and after 
irradiation.   
 
Table 8.3 Compositions (at%) of the matrix and NFs in irradiated 14YWT samples at 450 
°C up to 270, 480 and 585 local dpa doses at the depth of 400-600 nm. 
 270 dpa 480 dpa 585 dpa 
Element 
(at%) 
Matrix 
composition 
NF 
composition 
Matrix 
composition 
NF 
composition 
Matrix 
composition 
NF 
composition 
Fe 84.52±1.91 0 86.67±4.14 0 88.32±2.07         0 
O 0.19±0.08 35.63±4.84 0.10±0.03 36.76±5.36 0.14±0.05 35.04±4.87 
Cr 13.98±1.96 7.23±8.20 11.93±4.36 11.52±9.46 10.31±2.24 12.11±9.94 
Ti 0.20±0.02 37.93±6.40 0.15±0.05 40.69±7.08 0.19±0.06 39.30±6.30 
Y 0.03±0.01 16.52±9.02 0.01 8.84±6.04 0.02 11.54±5.63 
Si 0.05±0.01 0.48±0.78 0.02±0.02 0.47±1.04 0.03±0.01 0.59±1.08 
W 0.91±0.06 0.15±0.88 1.03±0.20 0.16±0.76 0.88±0.08 0.09±0.35 
Mn 0.02 0.08±0.33 0.01±0.01 0.13±0.47 0.01 0.08±0.33 
C 0.05 0.37±0.67 0.03±0.01 0.86±2.08 0.07±0.03 1.13±1.96 
Al 0.02±0.01 0.43±0.71 0.03±0.02 0.83±1.22 0.02 0.38±0.91 
Y/Ti/O - 15/44/42 - 11/44/45 - 13/45/42 
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8.5 Discussion: Stability of NFs under irradiation 
Stability of dispersoids can be predicted from Russel’s precipitation model, which 
considers both decay and growth, due to ballistic-collision-induced dissolution and 
thermal-diffusion-induced recovery of dispersoids [294,334]. In consistent with the 
model, many previous studies have shown that large dispersoids shrink and small ones 
grow under irradiation, reaching an equilibrium size which depends on various irradiation 
parameters. The model, however, might be oversimplified for not considering the effects 
of interface coherency, as pointed in the recent study by Chen et al. [322]. For small 
dispersoids, they are dominated by coherent and semi-coherent interfaces, while for large 
dispersoids they are incoherent. Since dispersoids in the present study are relatively small 
(less than 5 nm as shown in Fig. 8.13), the complexity in interface energy changes due to 
transition from incoherency to coherency can be ignored. Hence the decay and growth 
competition can be described by [335,336]; 
3
4
dr D c
K
dt rp

    (8.1) 
 where r is the dispersoid radius, K is defect production rate, Ψ is dissolution parameter, 
D  is irradiation enhanced diffusion coefficient, c is the atomic concentration of solute in 
solution, and p is the solute atom fraction in NFs. The first term on the right side of the 
equation describes the dissolution and the second term describes the recovery. Both 
dissolution and growth are believed to be largely limited by Y diffusion due to its low 
diffusivity as a large solute atom. Furthermore, oversize substitutional atoms diffuse 
primarily through vacancy diffusion mechanism. Hence Y diffusivity is proportional to 
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the level of vacancy supersaturation. O atoms are fast diffuser and can quickly migrate to 
accommodate dispersoid composition change needs, and their contribution in limiting 
dispersoid recovery can be ignored. Therefore, D  can be approximated by the diffusivity 
of Y atoms, described by [314];   
thv
eq
v
C
D D
C

                                                       (8.2) 
where vC
  is non-equilibrium concentration of vacancies; 
eq
vC  is equilibrium 
concentration of vacancies; 
thD  is the Y thermal diffusivity under equilibrium condition. 
Determination of vC
  needs to solve defect reaction equation which considers 
defect generation, interstitial-vacancy recombination and defect trapping by sinks. At high 
temperature and in the presence high density defect sink, numerical solution leads to a 
quasi-steady state of vacancy supersaturation with ' ( )v vs sC K K C , where K is defect 
creation rate, vsK is vacancy-sink reaction rate, sC  is vacancy sink concentration. Details 
on numerical calculation to obtain 'vC  can be found in Ref. 13. Assuming the only 
vacancy trapping sites are dispersoids (since TEM does not observe significant voids), sC  
represents the dispersoid density. The vacancy-sink reaction rate can be calculated by 
4vs VK rD , where r is dispersoid size and Dv is vacancy diffusivity. Based on these 
approximation, equation 8.2 can be rewritten as; 
1(4 )eq thV VD K rD NC D
                                            (8.3) 
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From APT characterization, we can obtain average dispersoid radius r and average 
dispersoid density N. The defect creation rate is 9.7×10-4 dpa/s.  The vacancy diffusivity 
VD  is calculated by using Debye frequency of 10
13 s-1 and vacancy migration energy of 
0.7 eV [314,337]. The equilibrium vacancy concentration  
eq
VC  is calculated by using 
vacancy formation energy of 2.2 eV in bcc Fe. The thermal diffusivity of Y is calculated 
by  0.1exp 3.25th BD eV k T   cm2/s [338].    
Under a quasi-steady state of dispersoid growth, the growth and dissolution 
reaches a balance with dr/dt=0 in equation 8.1. The present experimental study shows that 
after the radiation damage of 270 dpa and beyond, the mean size of dispersoids is saturated 
to about 1.7 nm and the average dispersoid density is saturated to about 8.5x1017cm-3 
Substituting these two values into above stated equations for T=450 °C, we calculate the 
dissolution parameter Ψ to be 1.5×10-10 cm.  
Fig. 8.14 plots Nr2 vs. T, with the solid line representing the equilibrium condition 
when growth and dissolution reaching the balance. The curve is obtained by using Ψ value 
determined from the above discussion. For the region above the curve, dissolution 
dominates and dispersoids will shrink until the dispersoid morphology evolve into the 
condition specified by the line. For the region beneath the curve, dispersoids will grow 
under ion irradiation. In Fig. 8.14, Nr2 values of the as-received samples and irradiated 
samples up to 270 dpa are also plotted and arrow in the inlet shows the trajectory of 
dispersoid changes.  
 189 
 
Figure 8.14 is in agreement with previous experimental studies that dispersoids 
will shrink under ion irradiations and, as a function of ion irradiation temperature, the final 
equilibrium sizes will increase with increasing temperatures, as shown by Chen et al. 
recently on 12Cr ODS alloys [322]. The irradiation parameters Ψ and K depend on specific 
experimental conditions. Hence the equilibrium curve will shift under different irradiation 
conditions. On the other hand, if parameter difference and their conversions under 
different conditions, such as accelerator ion irradiation vs. reactor neutron irradiation, are 
known, in principle the prediction on stability of dispersoids is possible from accelerator 
testing. In addition to the fact that the current model does not consider the role of interface 
coherency, the effects from void swelling is ignored since even for the highest dpa, we 
barely see small bubble formation. For other ODS systems which have much more void 
swelling, such as MA956, the discussion on sink strength must consider vacancy-void 
interactions. Therefore, the current model presents a simplified approach to predict 
dispersoid stability.  
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Figure 8.14 Nr2 vs. T plot showing the behaviour of the dispersoids in the present study. 
 
 
 
Slight increase in the density of the NFs after irradiation might indicate that the 
dissolved atoms forms new NFs instead of growing the previously existing ones. Similar 
‘inverse coarsening’ behaviour was first observed by Frost and Russell [339]. It was 
attributed to the solute atom ejection to the matrix as a result of irradiation and subsequent 
diffusion of those solute atoms either to the original precipitate or another place to form 
new precipitates. Li et al. [340] reported that in thermally-aged CF8 steels irradiated with 
1 MeV Kr ions, the size of the G-phase precipitates decreased while their density 
increased. Moreover, Tan et al. [341] found that the ejected atoms from original TaC 
nanoprecipitates during radiation-induced displacement cascade led to reduced size of the 
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original particles and helped nucleating new particles, consequently increasing particle 
density. 
8.6 Conclusions 
14YWT NFA tubes were irradiated at very high doses up to 1100 peak dpa at 450 
°C and the structure, composition and size of NFs have been investigated via TEM and 
APT techniques. It has been determined that the NFs are mostly Y2Ti2O7 having 
pyrochlore structure. On the other hand, there are some Y2TiO5 particles having 
orthorhombic crystal structure. HRTEM images suggest that NFs are either coherent or 
semicoherent with the matrix. After irradiation, NFs having pyrochlore structure kept their 
crystal structure with slight increase in their lattice parameter. No Y2TiO5 particles were 
observed presumably due to their low density compared to Y2Ti2O7 particles. Furthermore, 
self-ion irradiations results in a slight decrease in the NF size together with an increase in 
their density. This has been explained by the ‘inverse coarsening’ phenomena due to the 
disruption of balance between irradiation induced dissolution of the NFs and thermal back 
diffusion of solute atoms to the particle. The experimental results were confirmed by the 
theoretical calculations. The net change in the NF size calculations indicated the 
dissolution of the particles. 
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9. SUMMARY AND CONCLUSIONS 
 
(1) Self-ion irradiations up to 400 peak dpa were conducted on ferritic EK-181 
alloy produced in severely plastically deformed and annealed conditions in order to 
understand the effect of grain boundaries on the radiation resistance. It was found that 
severe plastic deformation (SPD) changes the depth distribution of swelling. Furthermore, 
SPD accelerates the onset of swelling in a shallow depth region rather than improving 
swelling resistance of EK-181 alloys. This result is attributed to the instability of nano-
grains in the severely deformed material arising from the combined effects of thermal 
annealing and ion irradiation. Both variants swell with the rate of 0.2%/dpa at their steady 
state regime. However, the incubation period preceding this steady state rate is dependent 
on the dpa rate associated with the depth range where the data were extracted. While 
higher dpa rates increase the incubation period of annealed samples, variation of 
incubation periods in the severely deformed samples is much less because swelling occurs 
in a relatively narrower and shallower region indicating lower dpa rate effect and weaker 
injected interstitial effect.  
(2) Effect of shock deformation on microstructure and mechanical properties was 
investigated on tempered HT-9 shock loaded to a peak pressure of 11 GPa. It was found 
that shock deformation leads to a ~2-3 fold increase in dislocation density resulting in an 
increase in hardness. Dislocation pile-up at the lath boundaries as a result of shock 
deformation increases the misorientation angle leading to a reduction in the fraction of 
coincidence site lattice boundaries (CSLBs) by 5-10%. Moreover, shock loading causes 
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local plastic deformation of the continuous parallel lath structure in some regions as well 
as an overall decrease in the aspect ratio of laths due to local plastic deformation and lath 
fragmentation.  
(3) The effect of shock loading on the radiation response of HT-9 steels was 
investigated under 600 dpa ion irradiations at 450 °C. It was found that irradiations cause 
a further decrease (by ~7.5%) in the fraction of CSLBs while it is still higher in as-received 
undeformed material. Both as-received and shock deformed samples exhibit a very low 
amount of swelling limited to shallow depths of 500-600 nm. At this transient regime, 
shock deformed material shows slightly higher swelling compared to the as-received 
undeformed sample. It was found that irradiation induces the formation of M2X and G-
phase precipitates. The sink stregth of M2X precipitates is very high compared to the 
dislocation and boundary sink strengths, and the total sink strength is slightly lower in the 
as-shocked material. A high fraction edge dislocations in as-shocked material which has 
a higher bias to self interstitial atoms (SIAs) compared to vacancies might be another 
reason for slightly higher swelling. However, once the steady-state regime is reached, the 
swelling resistance of the materials might change depending on the sink strengths.   
 (4) In this study, the effect of different processing routes on texture and grain 
boundary characteristics for 14YWT NFA cladding tubes was investigated. The tubes 
were produced either by spray forming followed by hydrostatic extrusion (Process I) or 
by hot extrusion and cross-rolling a plate followed by hydrostatic tube extrusion (Process 
II). Hydrostatic extrusion which introduces a combination of plane strain and shear 
deformations results in α- and γ-fibers on {001}<110> and {111}<110> as well as weak 
 194 
 
textures of ζ-fiber on {011}<211> and {011}<011>. On the other hand, hot extrusion and 
cross-rolling processes result in plane strain deformations leading to a strong texture on 
{001}<110> together with weak texture on {111}<112>. While both conventional hot 
extrusion and innovative hydrostatic extrusion produce a pronounced texture on 
{001}<110>, shear deformation introduced during hydrostatic deformation produces the 
<111>ǁND texture component. Furthermore, hydrostatic extrusion results in weaker 
textures compared to the hot extrusion and rolling textures. Together with a decrease in 
the texture index, α-fiber on {001}<110> weakens and γ-fiber on higher Taylor factor 
planes, {111}<110>, strengthens as a result of a reduced number of activated slip systems 
during shear deformation. The beneficial stress state and texture created by hydrostatic 
extrusion results in the production of crack-free cladding tubes. In addition, local 
reorientation during shear deformation results in high fractions of low angle boundaries 
(LABs) compared to the intermediate tube produced by plane strain deformation.  
(5) 14YWT tubes produced by the above stated methods (Process I and Process II) 
were investigated in terms of their microstructure and mechanical properties before and 
after high dose self-ion irradiations. It was found that different microstructures result in 
considerably different irradiation responses. Pre-irradiation microstructures have shown 
that Process II results in finer grain size together with high density Y-Ti-O nanofeatures 
(NFs) compared to Process I. Moreover, the yield strength of the Process II tube is two 
times higher due to its finer and denser NF content, smaller grain size and higher 
dislocation density. Microstructural analysis after irradiations demonstrated that Process 
II tube shows at least two orders of magnitude less swelling compared to the Process I 
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tube because of the finer, denser and more homogenous distribution of NFs in Process II 
tubes. Due to the inhomogeneity in the initial microstructure as a result of Process I, there 
is a large deviation in the depth distribution of swelling and irradiation hardening. On the 
other hand, irradiation hardening was saturated by ~0.8 GPa due to defect saturation for 
Process II tubes for all radiation damages. 
(6) The stability of NFs in 14YWT NFA tubes irradiated at very high doses of up 
to 1100 peak dpa was investigated via transmission electron microscopy (TEM) and atom 
probe tomography (APT) techniques. It was found that the NFs are mostly Y2Ti2O7 and 
Y2TiO5 particles which are either coherent or semicoherent with the matrix. After 
irradiation, NFs having the pyrochlore structure retain their crystal structure with a slight 
increase in their lattice parameter. Furthermore, self-ion irradiations result in a slight 
decrease in the NF size together with an increase in their density. This is explained by the 
‘inverse coarsening’ phenomena due to the disruption of balance between irradiation 
induced dissolution of the NFs and thermal back diffusion of solute atoms to the particle. 
A theoretical model was established to explain the NF stability. The model has shown that 
present irradiation parameters lead to a slight dissolution of the NFs. 
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